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Résumé
Le but de ce travail était d'étudier la germination des intermétalliques du fer (Fe) et
de la phase cc-Al à partir des alliages liquides dilués Al-Si-Fe, sur le noyau de particules
d'inclusions courantes se trouvant dans les alliages d'aluminium commerciaux. Les
inclusions furent introduites dans l'alliage fondu en utilisant une technique d'injection de
gaz. Des expérimentations systématiques furent mises au point afin d'étudier l'effet (i) de la
composition de l'alliage (Fe et Si), (ii) du taux de refroidissement (de 0.2 °C/s à 15 °C/s,
similaire à ceux rencontrés dans la plupart des procédés de fonderie des alliages
commerciaux), et (iii) du type d'inclusions (où une variété d'inclusions, dont les plus
courants des oxydes, carbures et borures, furent utilisées). De plus, une analyse en
profondeur du système d'injection de gaz fut aussi entreprise, celle-ci s'avérant utile à la
compréhension de l'influence des particules solides et des propriétés du métal liquide sur le
procédé d'injection de gaz.
Six alliages expérimentaux représentatifs de la partie riche en aluminium du
système Al-Si-Fe furent utilisés dans la présente étude. Des expériences d'injection de gaz
pour ajouter une variété d'inclusions (a- et Y-AI2O3, MgO, CaO, TiC, SiC, AI4C3 et TÏB2)
aux alliages fondus, furent entreprises en utilisant une technique d'injection de gaz qui a
permis d'introduire avec succès les différents oxydes, carbures et borures dans les alliages
d'aluminium liquide. Les alliages dans lesquels des inclusions furent injectées ont été
coulés dans différents moules afin d'obtenir des taux de refroidissement variés. Plusieurs
techniques d'examen furent utilisées pour étudier l'effet de la composition de l'alliage, du
taux de refroidissement, et du type d'inclusion, sur la structure des alliages. Ces techniques
sont l'analyse thermique, l'analyse d'image, la micro-analyse par sonde électronique
équipée avec la cartographie, le rayon X par énergie dispersive et le spectromètre des
rayons X par longueur d'onde.
Les résultats ont montré que la fraction volumique des intermétalliques du Fe
obtenue augmente avec les quantités de Fe et Si ajoutées, aussi bien qu'avec la baisse du
taux de refroidissement. Un taux de refroidissement faible produit des intermétalliques de
dimensions plus grandes, alors qu'un taux de refroidissement élevé résulte en une plus
grande densité d'intermétalliques. L'ajout de fer seul est plus efficace que des ajouts de Si
ou de Fe+Si à produire des intermétalliques. La composition de l'alliage et le taux de
refroidissement contrôlent la stabilité des phases intermétalliques: Les phases binaires Al-
Fe prédominent à des taux de refroidissement bas et à un ratio Fe/Si élevé; la phase P-
AlsFeSi est dominante à un contenu en Si élevé et à un taux de refroidissement bas; les
intermétalliques cc-AlFeSi (i.e. a-AlsFe2Si) existent entre ces deux phases; les phases
ternaires riches en Si, telles que l'intermétallique 5-Al4FeSi2, sont stabilisées à des taux de
refroidissement élevés et à des contenus en Si de 0.9 % et plus en poids.
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Les calculs des parcours de solidification représentant les ségrégations de Fe et Si
dans la partie liquide, basés sur l'équation de Scheil, ne sont pas conformes aux parcours de
solidification actuels, en raison du fait que la diffusion du solide n'est pas prise en compte
dans l'équation. Les modèles théoriques de Brody et Flemings [1966], et Clyne et Kurz
[1981] ne parviennent pas à expliquer l'écart observé avec le comportement de l'équation
de Scheil, puisque ces modèles donnent moins de poids à l'effet de la rétro-diffusion du
solide. Une section isotherme métastable du diagramme de phase Al-Si-Fe ajustée à 500°C
a été proposée (au lieu de celle à l'équilibre), qui prédit correctement les phases
intermétalliques formant dans cette partie du système à des taux de refroidissement bas
(-0.2 °C/s).
En ce qui a trait à la technique d'injection de gaz utilisée, l'effet des particules
d'inclusions sur le développement de la microstructure dans les alliages d'aluminium a
démontré la signifiance d'utiliser cette technique dans la conduite d'études systématiques
de ce type. Le processus de fluidisation des particules solides fut décrit et discuté en détail.
Les équations et diagrammes qui mettent certaines limites sur la vélocité et le débit du gaz
sont donnés à titre de guides dans la fluidisation contrôlable. De plus, l'analyse théorique
du procédé d'injection de gaz, incluant l'énergétique du transfert des particules de gaz à
liquide et l'effet des forces cinétiques, fut utilisée afin de dériver une relation théorique
faisant état de la vélocité d'injection minimale requise pour le transfert de particules de gaz
à liquide.
La capacité de la technique d'injection s'avère être très restreinte par la dimension
des particules. Des particules très petites (< 1-^m) ou grandes (> 100-|am) ne peuvent être
introduites dans le métal liquide en utilisant la présente technique d'injection pour plusieurs
raisons reliées à la capacité de pourvoir des débits de gaz appropriés pour l'injection et
celle d'avoir une fluidisation ne déstabilisant pas le bain de métal.
Alors que la discussion donnée dans ce travail est étroitement reliée au présent
système d'injection de gaz, les considérations, particulièrement celles reliées à l'effet des
propriétés physiques des particules liquides et solides sur le processus de transfert des
particules de gaz à liquide, sont assez générales et devraient être applicables à tout procédé
d'injection. Les considérations pratiques générales sont: (i) la mouillabilité a une grande
influence sur l'incorporation des particules, une faible mouillabilité nécessitant des
vélocités d'injection plus grandes, (ii) la densité du liquide a un effet sur l'incorporation des
particules dans le bain de métal, l'incorporation des particules solides dans les liquides plus
lourds étant plus difficile et requérant des vélocités d'injection plus grandes, et (iii) plus le
type de particules est gros et/ou lourd, plus petite est la vélocité d'injection requise.
Les expérimentations d'inoculation systématique entreprises pour étudier
l'influence d'inclusions diverses sur la germination de la phase a-Al dans les alliages Al-
Si-Fe à des taux de refroidissement différents, ont montré que dans les alliages dilués
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(contenant moins de 1.5% de Si + Fe), presque tous les types d'inclusions ont des
pourcentages élevés d'occurrence à l'intérieur de la phase cc-Al, indiquant que la
germination est promue sur la surface de telles inclusions. Dans un alliage hypoeutectique
Al-Si contenant 6.3% en poids de Si, les particules d'inclusions de MgO, TiB2, TiC, a-
AI2O3, et SiC deviennent surtout des agents nucléants inactifs repoussés dans les régions
interdendritiques à cause de l'effet empoisonnant dominant du Si.
Les résultats présents furent utilisés avec succès afin d'expliquer les différences
d'efficacité des affineurs de grain commerciaux dans les alliages Al-Si hypoeutectiques.
Le silicium est ségrégé préférentiellement aux interfaces Al liquide/inclusions de façon à
réduire leur énergie libre. Une analyse théorique de l'effet empoisonnant du Si a montré
que la ségrégation du Si à l'interface liquide/agents nucléants altère le bilan d'énergie
interfaciale de manière que l'efficacité catalytique des particules de s est réduite de façon
spectaculaire. Une analyse soignée a montré que l'effet empoisonnant du Si dans l'alliage
Al-Si hypoeutectique est surmonté lorsque les particules d'agents nucléants ont des
caractéristiques de surface actives tel que représenté par les puissances catalytiques élevées
des particules de Y-AI2O3, CaO et AI4C3 dans la germination de la phase a-Al de l'alliage.
Bien que certaines inclusions aient des niveaux d'occurrence comparables ou supérieurs à
ceux du TiB2 dans la phase oc-Al, elles ne peuvent pas être utilisées comme agents
nucléants efficaces en raison de leur faible mouillabilité avec l'aluminium liquide ou de
leur réactivité chimique.
La germination des phases intermétalliques contenant du Fe (c'est à dire les phases
binaires Al-Fe, a-AlFeSi, P-AlFeSi, 5-AlFeSi et qi-AlFeSi) sur la surface de différentes
inclusions dans les six alliages expérimentaux Al-Si-Fe fut étudiée. Il s'est avéré que la
germination de chacune des phases intermétalliques contenant du Fe était généralement
promue sur la surface de plusieurs inclusions dans les mêmes conditions de composition
d'alliage et de taux de refroidissement. Toutefois, certaines inclusions ont exhibé une haute
puissance de germination pour les phases intermétalliques particulières contenant du Fe
dans certaines conditions et une faible puissance dans d'autres conditions. Les agents
nucléants puissants pour la phase primaire a-Al, tel que Y-AI2O3, ont exhibé une faible
puissance pour la germination des particules d'intermétalliques contenant du Fe se trouvant
à l'intérieur de la phase primaire (particules intragranulaires). Les inclusions réactives telles
que CaO et SiC sont des agents nucléants très puissants pour les particules intragranulaires
de la phase intermétallique contenant du Fe.
La germination des phases intermétalliques contenant du Fe dans les alliages Al-Si-
Fe obéit aux caractéristiques générales de la germination, en particulier, l'effet du taux de
refroidissement et de la concentration de soluté sur la puissance des particules d'agents
nucléants: (i) II a été observé que l'augmentation du taux de refroidissement améliore la
germination hétérogène des phases intermétalliques contenant du Fe sur la surface de
différentes inclusions, et (ii) la puissance de germination des particules d'inclusions dans la
phase a-Al et dans les régions interdendritiques s'améliore avec l'augmentation de la
concentration de soluté jusqu'à un certain niveau. Au-dessus de ce niveau, la concentration
de soluté empoisonne les sites de germination. La germination des intermétalliques
contenant du Fe dans les alliages étudiés ne semble pas être grandement affectée par le type
ou la structure cristallographique de la surface nucleante.
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The aim of this work has been to study the nucleation of iron intermetallics and the
a-Al phase on inclusions introduced into dilute liquid Al-Si-Fe alloys. The inclusions
studied are those commonly found in commercial aluminum alloys. The inclusions were
introduced into the alloy melt using a gas injection technique. Systematic experiments were
designed to study the effect of (i) the alloy composition (Fe and Si), (ii) cooling rate (from
0.2 °C/s to 15 °C/s, similar to those encountered in most commercial casting processes), and
(iii) inclusion type (where a variety of inclusions covering the most common oxides,
carbides, and borides were used). In addition, an in-depth analysis of the gas injection
system was also carried out, which was useful in understanding the influence of the solid
particle and liquid metal properties on the gas injection process.
Six experimental alloys representative of the Al-rich corner of the Al-Si-Fe system
were used in the present study ^  Gas injection experiments for the addition of a variety of
inclusions (a- and Y-AI2O3, MgO, CaO, TiC, SiC, AI4C3 and TiB2) to the alloy melts were
carried out using a gas injection technique that successfully introduced the different oxides,
carbides and borides into the liquid aluminum alloys. The inclusion injected melts were
cast into different molds in order to achieve various cooling rates. Several examination
techniques were used to study the effect of alloy composition, cooling rate, and inclusion
type on the structure of the alloys. These techniques include thermal- and image analysis,
scanning electron microscopy, X-ray mapping, electron probe microanalysis (EPMA), and
wavelength dispersive spectroscopy (WDS).
The results showed that the volume fraction of iron intermetallics obtained
increased with the increase in the amount of Fe and Si added, as well as with the decrease
in cooling rate. A low cooling rate produces larger-sized intermetallics, whereas a high
cooling rate results in a higher density of intermetallics. Iron addition alone is more
effective than either Si or Fe+Si additions in producing intermetallics. The alloy
composition and cooling rate control the stability of the intermetallic phases: binary Al-Fe
phases predominate at low cooling rates and a high Fe/Si ratio; the p-AlsFeSi phase is
dominant at a high Si content and low cooling rate; the a-AlFeSi intermetallics (e.g., a-
Al8Fe2Si) exist between these two; Si-rich ternary phases such as the ô-ALtFeSi2
intermetallic are stabilized at high cooling rates and Si contents of 0.9 wt% and higher.
Calculations of the solidification paths representing segregations of Fe and Si to the
liquid using the Scheil equation did not conform to the actual solidification paths, due to
the fact that solid diffusion is not taken into account in the equation. The theoretical models
of Brody and Flemings [1966], and Clyne and Kurz [1981] also fail to explain the observed
departure from the Scheil behavior, since these models give less weight to the effect of
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solid back-diffusion. An adjusted 500°C metastable isothermal section of the Al-Si-Fe
phase diagram has been proposed (in place of the equilibrium one), that correctly predicts
the intermetallic phases that occur in this part of the system at low cooling rates (~0.2 °C/s).
With respect to the gas injection technique that was used, the effect of inclusion
particles on the microstructure development in aluminum alloys showed the significance of
using the technique in conducting systematic studies of this type. The fluidization process
of the solid particles has been described and discussed in detail. Equations and diagrams
that put certain limits on the gas velocity and flow rates are given as guides for controllable
fluidization. In addition, theoretical analysis of the gas injection process, including the
energetics of particle transfer from gas to liquid and the effect of kinetic forces, was used to
derive a theoretical relation for the minimum injection velocity required for successful
particle transfer from gas to liquid.
The capability of the injection technique was found to be very much restricted by
the size of the particles. Very small (< 1-fam) or large (> 100-um) particles cannot be
introduced into the liquid metal using the present injection technique for several reasons
related to the capability of providing the appropriate gas flow rates for injection and
fluidization without destabilizing the metal bath.
While the discussion given in this work is closely related to the present gas injection
system, the considerations, particularly those related to the effect of physical properties of
the liquid and the solid particles on the process of particle transfer from gas to liquid are
quite general and should be applicable to any injection process. The general practical
considerations are: (i) the wettability has a great influence on the incorporation of particles,
poor wettability necessitating higher injection velocities, (ii) the density of the liquid has an
important effect on particle incorporation into metal baths, with solid particle incorporation
in heavier liquids being more difficult and requiring higher injection velocities, and (iii) the
larger and/or heavier the particle type, the smaller the injection velocity required.
The systematic inoculation experiments carried out to study the influence of various
inclusions on the nucleation of the oc-Al phase in Al-Si-Fe alloys at different cooling rates
showed that in the dilute alloys (containing less than 1.5 pet Si+Fe), almost all the inclusion
types have high percentages of occurrence within the a-Al phase, indicating that nucleation
is promoted on the surface of such inclusions. In a hypoeutectic Al-Si alloy containing 6.3
wt pet Si, the inclusion particles of MgO, T1B2, TiC, CC-AI2O3, and SiC become mostly
inactive nucleants and are pushed to the interdendritic regions because of the dominant
poisoning effect of Si.
The present results were used successfully to explain the efficiency differences
between commercial grain refiners in hypoeutectic Al-Si alloys. Silicon is observed to
preferentially segregate to the liquid-Al/inclusion interfaces so as to lower their free energy.
A theoretical analysis of the poisoning effect of Si showed that Si segregation to the
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liquid/nucleant interface alters the interfacial energy balance so that the catalytic efficiency
of the nucleant particles is dramatically reduced. Careful analysis showed that the
poisoning effect of Si in the hypoeutectic Al-Si alloy is overcome when the nucleant
particles have active surface characteristics as represented by the high catalytic potencies of
Y-AI2O3, CaO and AI4C3 particles in nucleating the a-Al phase in the alloy. Although some
inclusions have comparable or higher occurrence levels than TiB2 in the a-Al phase, they
cannot be used as efficient nucleants either due to their poor wettability with liquid
aluminum or their chemical reactivity.
Nucleation of Fe-intermetallic phases (i.e. binary Al-Fe, a-AlgFe2Si, P-AlsFeSi, 8-
Al4FeSi2 and qi-AlFeSi phases) on the surface of different inclusions in the six
experimental Al-Si-Fe alloys was studied. It was found that nucleation of each of the Fe-
intermetallic phases was generally observed to be promoted on the surface of several
inclusions under the same conditions of alloy composition and cooling rate. However, some
inclusions exhibited high potency for the nucleation of particular Fe-intermetallic phases
under certain conditions and poor potency under other conditions. The potent nucleants for
the primary a-Al phase such as Y-AI2O3 exhibited poor potency for the nucleation of the
Fe-intermetallic particles that lie within the primary phase (intragranular particles).
Reactive inclusions such as CaO and SiC are very potent nucleants for the intragranular Fe-
intermetallic phase particles.
The nucleation of the Fe-intermetallic phases in Al-Si-Fe alloys obeys the general
features of nucleation, in particular, the effect of cooling rate and solute concentration on
the potency of the nucleant particles: (i) it was observed that increasing the cooling rate
enhances the heterogeneous nucleation of the Fe-intermetallic phases on the surface of
different inclusions, and (ii) the nucleation potency of inclusion particles in both a-Al and
interdendritic regions improves with increasing solute concentration up to a certain level.
Above this level, the solute concentration poisons the nucleation sites. Nucleation of the
Fe-intermetallics in the alloys studied does not seem to be largely affected by the type or
crystallographic structure of the nucleating surface.
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CHAPTER 1
DEFINITION OF THE PROBLEM
CHAPTER 1
DEFINITION OF THE PROBLEM
1.1. Introduction
Commercial unalloyed aluminums and aluminum base alloys contain a considerable
amount of iron and silicon as impurities or alloying additions. Commercial aluminum
alloys, which have up to 1 % of iron and silicon, can be considered ternary alloys. As the
solid solubility of iron in aluminum is less than 0.05 % at equilibrium, nearly all iron in
aluminum alloys forms second-phase particles. Both iron and silicon have partition
coefficients less than unity, and accordingly segregate to the liquid between the Al dendrite
arms during the course of solidification. Therefore, when considering the solute
segregation, primary particles of binary Al-Fe and ternary Al-Fe-Si phases, and even
silicon can form during casting of an aluminum-rich alloy.
Certain alloying elements may be added to the aluminum alloys to improve the
mechanical properties and/or avoid the effect of some undesirable impurity elements. The
most detrimental element in these alloys is iron. The existence of iron in aluminum alloys is
increased as a result of the usage of recycled alloys.
L'on forms a number brittle intermetallic phases6'7 such as P-phase (AlsFeSi), which
leads to degradation of the mechanical properties of the cast products. The volume and size
of Fe-intermetallics depend on the iron and manganese contents,8'9'10'11 solidification
parameters,11'12'13'14 and the modifier type and amount.10'15
In addition, some Fe-intermetallic phases in Al alloys were found to be stabilized by
minor elements such as Cr, V, Mo, W and Cu.16'17'18 Increasing the cooling rate was
observed to cause a shift of the as-cast Fe-intermetallics content toward Si-richer
particles.16 An effect of inclusion type (a-alumina and y-alumina) on the Fe-intermetallic
phase selection has been observed.10 It was proposed that y-alumina acts as a nucleus for
crystallization of P-AlFeSi phase whereas the a-alumina is a poor nucleus. Other authors
reported that the addition of grain refiner to dilute Al-Fe-Si alloys increased the presence of
the 9-Ali3Fe4 phase with respect to the AlôFe phase in the solidified microstructure.19
However, the evaluation of the role of inclusions and the grain refiner particles in the
nucleation of the Fe-intermetallics based on direct observations of physical contact has not
been carried out yet.
A major part of the examination of nucleation in aluminum-base alloys has been
spent in the study of the mechanisms of grain refinement, specifically, those associated
with the presence of Al3Ti, TiB2, AIB2, TiC, etc, where the focus was on rationalizing the
usefulness of such grain refiners. The actual evidence that any one nucleant may be
associated with the initiation of solidification is not extensive. It does not seem to have
been clearly established that these proposed nucleants operate singly or in association with
each other or other nucleants already existing in the melt. Furthermore, the role and the
catalytic activity of inclusions in the solid nucleation (of the Fe-intermetallics and the a-Al
phase) have not been systematically studied because of the difficulty of introducing
inclusions to alloy melts in a controllable way.
1.2. Objectives
This work aimed to study the formation of the iron intermetallics and the cc-Al
phase from liquid Al-Si-Fe alloys on nuclei of the common inclusion particles. The
inclusions were introduced to the alloy melts using the gas injection technique.20 The
present inoculation experiments were designed to study the effect of the following
parameters:
(1) Alloy composition (Fe and Si),
(2) Cooling rate (from about 0.2 °C/s to 15 °C/s, similar to those encountered in most of
the commercial casting processes), and
(3) Effect of inclusion type (a-, y-Al2O3, MgO, CaO, TiC, SiC, ALA and TiB2).
In addition, an in-depth analysis of the gas injection system was carried out in order
to understand the effect of the solid particle and liquid metal properties on the gas injection
process and how these parameters can be used to estimate the appropriate injection velocity





2.1. Iron in Aluminum Alloys
Commercial unalloyed aluminum and aluminum base alloys contain a
considerable amount of iron and silicon as impurities or alloying additions. Commercial
aluminum alloys, which have up to 1% of iron and silicon, can be considered ternary
alloys. As the solid solubility of iron in aluminum is less than 0.05% at equilibrium,
nearly all iron in aluminum alloys forms second-phase particles. Both iron and silicon
have partition coefficients less than unity, and accordingly segregate to the liquid
between the Al dendrite arms during the course of solidification. Therefore, when
considering the non-equilibrium lever-rule assumption,21 primary particles of binary Al-
Fe and ternary Al-Fe-Si phases, and even silicon can form during casting of an
aluminum-rich alloy. The chemical composition and local cooling rate are the controlling
factors that determine which phases will form22'23 and their size.12'14
Extensive reviews of the Al-Fe-Si system and the intermetallic phase selection in
the 1XXX alloys have been published.24'25 Several studies by other workers26'27 have
focused upon the Al-rich part of the system, where the 9-Al3Fe, a-AlFeSi and P-AlFeSi
phases have been reported as equilibrium phases.27"28 hi addition, some non-equilibrium
phases have been identified, for example, metastable phases such as AlôFe,23"29 AUPe30
and AlxFe23'31 instead of the G-AbFe (or B-AloFe^32 equilibrium phase. Structures of
various phases, e.g., A^Fe33, A^Fe29'34 and a-AlFeSi35'36 have been investigated. The
complex structure of AlmFe has also been suggested. '
A deep understanding of the constitutional and the thermal factors that affect the
crystallization of the Fe-intermetallic phases is vital for process control purposes, hi this
section, a review of the available articles on this subject is presented. The review
addresses several topics such as Fe solubility in Al, Fe-intermetallic phases, observation
of Fe-intermetallics in dilute Al-alloys, crystallization and neutralization of Fe-
intermetallics which include the effect of Fe, cooling rate, Mn, other chemical
neutralizers, melt superheat, aluminum oxides transformation, minor impurity elements,
and the effect of Mg. The review also explains the subject of sludge formation,
dissolution of Fe-intermetallics through heat treatment, the role of iron in the formation
of porosity and finally the quantification of iron intermetallics by thermal analysis.
2.1.1. Iron Solubility in Aluminum
The solubility of iron in liquid aluminum is quite high. At 655°C, it is 1.87
wt%.39 This high solubility leads to the dissolution of ferrous materials in contact with
molten aluminum during handling and processing. As a result, Al diecasters minimize
tool wear by keeping the Fe content of the molten Al as high as 0.8%,40'41 and even up to
2% in order to reduce the tendency of the molten metal to stick to the die components.42
In solid Al, the solubility of Fe is very low, only 0.052% at 655°C.39 The Fe
solubility is even less at room temperature or in the presence of alloying elements that
form compounds with Fe. The electrical conductor grade of aluminum uses Fe to
combine with impurity elements that decrease electrical conductivity and to form
insoluble precipitates that moderately increase the elevated temperature strength.40 This
strong phase forming ability of iron reduces its diffusion rate in alloyed aluminum.43
2.1.2. Iron Intermetallic Phases
The transition metals -including Fe- often form a succession of intermetallic
phases with Al.39 They also exhibit frequent metastability, in which one phase introduced
during fast solidification transforms in the solid state to another, for example,
AlôFe—»Al3Fe. This takes place for several non-equilibrium phases as confirmed by
Griger and Stefaniay.6'44 The possible Fe-intermetallics that can form in Al-Si alloys were
summarized in the work of Dons 16>45 and Liu et al}1 These phases are listed in Table 1
and illustrated in Figure 1 and Figure 2. It is worth mentioning in this context that Dons45
observed that the Philips phase diagram given in Figure 1 couldn't be used to predict the
Fe-intermetallic phases in her experimental alloys.
hi the Al-Si alloys the most important of these are the oc-AlFeSi and the P-AlFeSi
phases.39'40'46 In addition, there are two less common phases, ô-ALtFeSi2 and p-
AlgMg3FeSi6. The Si and Al contents of both the a- and P-phases are high and a lot of Fe
is replaced either by Mn or Cr. This leads to the fact that the amount of Fe-intermetallics
which form is much greater than that predicted from the actual iron content. According to
the density of various Fe-rich phases, it is estimated that 3.3 vol% intermetallics will
form for each 1 wt% of the total %Fe+%Mn+%Cr.40
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Monoclinic, a=15.487, b=8.0831, c=12.4776Â,
p=107°43'
C-centered Orthorhombic
Monoclinic, a=21.6, b=9.1, c-9.05 A, 3=94°
Body-centered Tetragonal, a=0.884, c=2.160A
Body-centered Cubic, a=1.03À
C-centered Monoclinic, a=15.49, b=0.808, c=1.247A,
3=107°
Cubic, a=12.54Â, and Body-Centered Cubic, a=12.56
Â.
Hexagonal, a=12.3, c=26.2 Â.
Tetragonal, a=12.6, c=37.0,
Monoclinic, a=8.69, b=6.35, c=6.32 À, p=93.4°
Monoclinic, a=28.1, b=30.8, c=20.8A, 3=97.74
Monoclinic, a=6.12, b=6.12, c=41.5À, 3=91°
Monoclinic, a=8.9, b=4.9, c=41.6 A, 3=92°
Tetragonal, a=6.16, b=9.49A
C-centered Orthorhombic, a=1.27, b=3.62, c=1.27À
Monoclinic, a=1.25, b=1.23, c=1.93A, 3=109°
a
 According to Hatch,39 the structure of the a-AlFeSiis hexagonal and that of a'-AlFeSiis body-centered
cubic.
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Al AI 0.5 1.0 AI+SI 1.5 2:0*
Figure 1 The 500 °C isothermal section of the Al-Si-Fe system.47
Al 10 20 30
wt % Fe
40
Figure 2 Projection of the 570 to 600 °C section of the Al-corner of the Al-Si-Fe
system for heat-treated samples.48
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2.1.2.1. The cc-AlFeSi phase
The a-AlFeSi phase appears like Chinese script in the microstructure (Figure 3
(a)). The Chinese script morphology of the a-AlFeSi occurs during eutectic solidification
with the a-Al phase. The a-AlFeSi phase can also appear as polyhedrons if it solidifies
40before the eutectic reaction (i.e., a primary phase). Usually Mn (and/or perhaps Cr) is
added to the melt to promote the formation of the Alis(Mn, Fe)3Si2 phase. This phase has
a compact morphology and does not initiate cracks in the cast material to the same extent
as does the P-AlFeSi phase.
(b)
Figure 3 a) Microstructure of a sample from alloy 319.1 cooled at a rate of 0.3
°C/s, showing the [Chinese script AlisFe3Si2 - a-Al] eutectic (see
arrows).46 b) Microstructure of a sample from alloy B319.1 cooled at a
rate of 0.6 °C/s, showing a p-A^FeSi particle formed before the main
eutectic reaction (arrowed).46
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The a-AlFeSi phase shows some variation in composition and quite different
morphologies depending on the cooling conditions. For example, the basic formula,
Ali5Mn3Si2, should give the atomic percentages of Al = 75, Mn = 15 and Si = 10. The
EDX analysis data from a number of particles of different morphologies gives Al = 67.1,
Mn = 5.3, Fe = 14.3, Cu =1.6 and Si = 11.3 atomic %. These data indicate that Mn is
partially substituted by Fe, and Cu may partially substitute for Al. In the this case, the
formula will correspond to (Al,Cu)i5(Mn,Fe)3Si2.46
2.1.2.2. The p-AlFeSi phase
The P-AlFeSi phase is always a primary phase, having a three-dimensional form
of a platelet which appears as needles in the micrographie section (Figure 3 (b)). The p-
AlFeSi phase is most associated with Fe greater than about 1%, roughly the location of
the eutectic point in the Al-Si-Fe phase diagram.40 However, due to the segregation of Fe
during solidification, the P-AlFeSi phase forms even when Fe content is less than 1%
(Figure 4).46 It was also reported that the P-AlFeSi phase forms at Fe levels as low as
0.5%.40 However, the addition of certain alloying elements and fast cooling increase the
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Figure 4
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wf/.Sl
Simplified phase diagram showing the formation of the P-Al5FeSi phase
in a 356.0 alloy sample through the segregation paths (l-2a-2b-3).
The p-AlFeSi phase only has a detrimental influence on the alloy properties when
it is a primary phase. Its effect may be negligible when it is part of the eutectic. The
detrimental effect of Fe can be minimized by various techniques: (1) rapid solidification,
(2) manganese addition, and (3) melt superheating. All these techniques basically
convert the crystallization of the needle-like P-AlFeSi phase to the less harmful dendritic
(Chinese script) form, i.e., a-AlFeSi phase.
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2.1.3. Observation of Fe-Intermetallics in Dilute AI-Alloys
hi commercial unalloyed aluminum up to 1% of Fe and Si are usually present.
Small amounts of other elements also occur but Fe and Si are the main ones that form
particles together with aluminum. To some extent commercial alummum may therefore
be regarded as ternary Al-Si-Fe alloys.
Dones16 sorted out the different a-AlFeSi phases {i.e., phases in the composition
range Ali2-i5Fe3Si]-2),a that can form in industrially cast Al-alloys according to the rate of
cooling (from 0.1 to 500 K/s) at which they formed as follows:
Heat treatment a, a', a", aj
DC cast, inner zone a, ay, aj
DC cast, outer zone a, a"
Strip cast a
The a'-AlFeSi phase, which is generally believed to be an equilibrium phase, was
only observed in heat-treated materials. This indicates that it is difficult to nucleate this
phase. It forms in pure Al-Si-Fe alloys after extremely slow cooling.
1
 Refer to Table 1.
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The a-AlFeSi phase (bcc) does not from in pure Al-Si-Fe alloys. Since the cc-
AlFeSi phase is less ordered than the a'-AlFeSi phase, it is expected to be favored by
rapid cooling. Thus, it becomes increasingly important as the rate of cooling increases.
The a"- and ocT-AlFeSi phases (superstructure phases) form at intermediate cooling rates.
The ay-AlFeSi phase is found only in the inner part of DC cast billets, so it may form as
a result of the presence or absence of some minor elements similar to the a-AlFeSi phase
which is stabilized by the presence of certain elements as Mn, Cr, V, Mo, W and Cu.
There is also an observed shift toward Si-richer particles with increasing cooling
rate. Dons16 has also proposed a particle diagram for the middle of strip cast sheets (at
about 500°C). It seems useful to construct diagrams in order to facilitate the prediction of
what phases can form in different alloy compositions.
Liu et al)1 investigated the formation of Fe-intermetallic phases such as 9-
AlnFe,*, a-AlgFe2Si and P-AlsFeSi and others during solidification of dilute Al-Si-Fe
alloys. The chemical compositions of these phases were quite similar, and the precipitate
morphologies were also often very similar. Thus, the exact identification of phases was
possible only by electron diffraction. The average size of precipitates was considerably
more dependant upon solidification rate than upon Fe content of the alloy.
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Most of the phases were intermediate non-equilibrium precipitates, which
transform to more stable variants during subsequent heat treatments. Solidification rate,
alloy composition and the presence of trace elements are important factors that determine
the dominant phase under particular solidification conditions.
The solidification rates studied by Liu et al}1 were 1 and 10 °K/s. The 0-Ali3Fe4
phase was the predominant phase at slow cooling rate (~1 °K/s) for commercial and high
purity alloys. At fast cooling rates both the a-AlFeSi and the qi-AlFeSi phases dominated
in the commercial-purity alloys. The qi-AlFeSi phase transformed to the q2-AlFeSi phase
after annealing for 24 hours at 600°C. hi the high purity alloy, the 0-Ali3Fe4 and AlpFe
phases formed as well as the dominant a-AlFeSi phase at fast cooling rates. All phases
except the a-AlFeSi disappeared on annealing for 24 hours at 600°C. Thus, it is clear that
trace elements can play a decisive role in determining the presence of many of these
phases under conditions of fairly rapid solidification. These authors also highlighted the
fact that the sensitivity of analysis by EDX is not sufficient to detect the presence of the
trace elements in the precipitates.17
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2.1.4. Crystallization and Neutralization of Fe-Intermetallics
2.1.4.1. Effect of Fe Content
Tanihata et a/.8 studied the effect of Fe content from 0.1 to 0.5% on the
occurrence of Fe-intermetallics in a 6063 alloy in the as-cast condition. They found that
with increasing the Fe content in the alloy from 0.1 to 0.2 wt %, the amount of (5-AlFeSi
phase sharply increased to 80% of all the phases, at the expense of the other phases such
as the a- and a'-AlFeSi. hi contrast, they found that in a 0.3% Fe alloy the p-AlFeSi
phase decreased again to about 25%, while that of the a-AlFeSi phase increased to about
70%. When the Fe content was 0.5%, this tendency became remarkable and no P-AlFeSi
particles were observed. Thus, they concluded that a slight change in the Fe content of
the 6063 alloy ingots causes considerable changes in the relative frequency of the Fe-
intermetallic phases. Murali et al.49 have found that as the Fe content increases the
maximum length of the p-AlFeSi plates increases and the continuous presence of the (3-
plates is observed within interdendritic regions.
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2.1.4.2. Effect of Cooling Rate
Cooling rate plays a basic role in stabilizing the different Fe intermetallic phases
in Al-alloys, so that some phases are stabilized only at slow cooling rates, such as the
binary Al-Fe phases, while others are stabilized at intermediate cooing rates, and still
others, such as the 8-AlFeSi and qi-AlFeSi phases, at only high cooling rates. There are
also some phases, e.g., a-AlFeSi, which have high stability over a wide range of cooling
rates.
Slow cooling rates result in the formation of stable phases, whilst high cooling
rates lead to the precipitation of metastable phases. The intermetallic phases that appear
in a microstructure are controlled not only in terms of whether the cooling rate is high or
low, but, more accurately, also by the fact that each of these phases is associated with a
certain cooling rate range. This fact is indispensable for a proper understanding of the
alloy system. In view of this, some studies have specified the occurrence of Al-Fe binary
phases to certain cooling rate ranges.22'50 Young23 has constructed cooling rate regimes
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Figure 5 The cooling curve of a 319 alloy (0.3% Mg), cooling rate 2.5 °C/s.10
10Narayanan et al. reported that Fe forms a ternary intermetallic phase with the
main components of Al-Si alloys and, in the absence of Mn, crystallizes only in the form
of needles {i.e., (3-AlFeSi phase) for Si and Fe contents of 6 and 1%, respectively.
However, crystallization of the Fe-compounds in the Chinese script form was not
observed even at cooling rates of 20°C/s for the 319 alloy, but with addition of 0.3% Mg,
the P-AlFeSi phase starts to crystallize at temperatures between the liquidus and the Si-
eutectic temperature (572°C at a cooling rate of 2.5°C/s) as shown in Figure 5.
With decreasing temperature or increasing solidification time, the P-AlFeSi phase
continues to crystallize until the end of the Si-eutectic reaction. The interesting aspect of
the P-AlFeSi phase reaction is that unlike the Si and Cu eutectic temperatures, which are
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only slightly affected (less than 7°C) by variations in cooling rate, the P-phase start
temperature decreases with decreasing Fe content, increasing cooling rate and increasing
melt superheat temperature until it eventually occurs with the Si-eutectic
temperature.10'11'51
The average length of P-AlFeSi needles decreases with decreasing Fe content,
increasing cooling rate and decreasing Mg content. The average maximum length of p-
AlFeSi platelets and the P -AlFeSi phase start temperature decrease exponentially with
increasing the cooling rate as shown in Figure 6. In addition, the amount of Mn needed to
neutralize the Fe varies with the cooling rate during solidification. Mn was found to
inhibit the formation of P-AlFeSi phase for Fe contents less than 1.2% in thin chilled
sections, and less than 0.75% in sand-cast test bars. The critical Fe content at which the
P-AlFeSi phase appeared in terms of cooling rate were 0.75% Fe at 1 °C/s, 0.8% Fe at 5
°C/s and 1.0% Fe at 10 °C/s.40 It is clear that increasing the cooling rate leads to an
increase of the critical Fe content at which p-phase precipitates, thus promoting the
formation of (the Fe-richer) Chinese script phase. However, the effect of Mn content is
still unclear and needs more explanation.
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Figure 6 Plots of average maximum length of B-AlFeSi platelets and P-AlFeSi
phase start temperature vs. cooling rate.
2.1.4.3. Effect of Mn Content
hi the presence of Mn, the Fe-compounds crystallize in three distinctly different
morphologies, namely: (1) a needle-like form (P-AlFeSi phase), (2) a Chinese script
morphology (a-AlFeSi phase), and (3) a starlike or polyhedral morphology (the primary
a-AlFeSi phase), depending on the Fe/Mn weight ratio and the cooling rate. At low
cooling rates, Fe-compounds form in the primary a-AlFeSi morphology, whereas at high
cooling rates, both a- and p-AlFeSi phases crystallize, hi the absence of Mn, the Fe-
compounds crystallize only in the P-AlFeSi form, which is stable at coolmg rates less
than 20 °C/s. When the melt is superheated to a high temperature, and solidified under














Figure 7 Amount of Co and Mn necessary to suppress the harmful effect of Fe in
Al-Si eutectic alloys.52
The ratio of Mn to Fe necessary to compensate for the negative effects of Fe-
40intermetallics has not yet been established. However, in the reviews of Crepeau and
,52Couture , this was mentioned to be 0.6 to 0.8:1 depending on the chemistry of the alloy.
In other reports, it was mentioned that the Mn content must be > V2 Fe content, or may be
given by the relation, Mn = 2 x (%Fe - 0.5), or taken from the chart of Figure 7.
The ASTM B108-95 (standard specification for Al permanent mold casting) and
ASTM B26-95 (standard specification for Al-alloy sand castings) set the maximum Fe
level in the Al-alloys from very low as 0.15 % in alloy 201.0 to very high as 1.5% in
alloy 222.0, while in other alloys such as 355.0 and 356.0 the Fe content was allowed to
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reach 0.6 % or more with the comment that if Fe exceeds 0.45 %, Mn content shall not be
less than half of the Fe content.
The chemical compositions of the a- and P-AlFeSi phases are given in Table 2. It
is clear that the chemical composition of the primary a-AlFeSi phase is almost the same
as that of the Chinese script morphology. However, the a-AlFeSi phase, especially in
primary crystal form, may dissolve a significant amount of Cu, Cr, Ni, etc. Unlike the
chemical compositions of Table 2, some authors reported that the P-AlFeSi phase does
not dissolve appreciable amount of other alloying elements.17'40'48 From the analysis in
Table 2, it is clear that the ratio of Si to Fe is higher in the P-phase than in the a-phase.









































































 Apelian et ai, Annual workshop 1991, aluminum casting research laboratory, Worcester Polytechnic
Institute, MA, pl43 [cited by Gruzleski10].
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In order to obtain the Fe-compounds crystallized in the Chinese script form and to
avoid the needle-like and polyhedron crystal morphologies a certain critical ratio of
Fe:Mn is required and this ratio depends on the cooling rate as mentioned above.
Xiufang et al.53 used master alloys containing Al-10% Mn-2% Ti, to modify (i.e.,
spheroidize) the Fe-compounds in the Al-Si, Al-Mg, and Al-Zn alloys. This addition led
to the improvement of the room temperature and the 300 °C tensile properties of an Al-Si
alloy containing 1.4% Fe.
2.1.4.4. Effect of Other Chemical Neutralize™
Chromium: Various additions of Cr to an Al-7% Si-0.3% Mg alloy caused the
coarse p-AlFeSi platelets to be replaced with Chinese script. It was also reported that
additions of 0.2 to 0.6% Cr prevented the embrittlement of an Al-13% Si alloy for Fe
contents more than 1%. In other cases, Cr was reported to increase the elongation of
certain alloys.40
Cobalt: It was reported that Co has a neutralizing effect for Fe similar to that of
Mn.40 However, the Co has less tendency to segregate during solidification, and thus
offers superiority to Mn. This property supports the observation of Murali et al.,49 where,
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in a Co-added alloy, the Fe-intermetallic particles form mostly within the primary a-Al
dendrites (i.e., intragranular particles) rather than in the interdendritic regions. It was
suggested that the Fe:Co ratio should be 1:2. However, Figure 7 shows that the amounts
of Co required to antidote the Fe-compounds and achieve similar results are much lower.
Beryllium: Be can be combined with Fe into compact particles of Al4Fe2Be5
provided that the amount of Be is > 0.4%. It was reported40 that additions of Be caused
the Fe-rich intermetallics to form in a round, nodular or spheroidal form, and this
increases the tensile strength and elongation. In addition, Murali et al.49 found that the
phases formed in all the Be-added alloys were seen only inside the a-Al dendrites. This
may provide additional explanation for the observed increase in strength and elongation,
because the Fe-intermetallics form in the ductile Al-matrix rather than in the less ductile
interdendritic regions, hi this case, if cracks initiate in the Be-Fe scripts, they will be
arrested within the a-Al dendrites.
Molybdenum, nickel and sulfur were mentioned to be useful neutralizes for Fe as
well.40
Strontium: Additions of Sr were found very effective to eliminate some
morphologies of Fe-intermetallic compounds in both commercial and synthetic alloys.52
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It was reported that the Sr caused reduction in size, number and volume fraction and
transformation of all Fe-intermetallics to spot-like phases in a synthetic 413 alloy and the
elimination of all kinds of intermetallics in the A413 and 413P alloys under fast cooling
conditions, hi this solidification condition, Sr is very effective in reducing the amount
and size of the P-AlFeSi needles and changing it to the a-AlFeSi phase morphology
(Chinese script).54 This is probably due to the undercooling at the solidification front
caused by Sr additions. Samuel et al.55 proposed that Sr had a poisoning effect on the
nucleation sites for P-AlFeSi needles. This reduces the number of sites available for
nucleation and, thus, a lower P-AlFeSi phase density is obtained, compared to that in the
unmodified alloy.
In another study, it was found that the combined addition of (Mg + Sr) in 1XXX
alloys, led to spheroidization of the a-AlsFe2Si particles and fragmentation of the A^Fe
phase needles.56 The effect of Sr on the morphology of Fe intermetallics in the 319 alloy
was evaluated, Sr tends to dissolve the (3-AlFeSi needles within the Al-matrix without
transformation into any other type of intermetallic compounds. Samuel and Samuel56 also
concluded that Sr did not nucleate sludge crystals, the star-like particles, in alloy 319.
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2.1.4.5. Effect of Melt Superheat
Narayanan et al.10 showed that at a low melt superheating temperature of 750 °C
(about 150 °C above the liquidus for alloy 319), the Fe-compounds crystallized in the
needle-like form (i.e., (3-phase) at all cooling rates, whereas at high melt superheating
temperatures of about 850 or 900 °C and at high cooling rates crystallization occurred in
both the Chinese script and the needlelike forms. The relative amounts of each phase
depend on the Fe, Mg contents and cooling rate. However, the superheating temperature
affects the P-AlFeSi phase start temperature, so that the latter decreases as the former
increases (Figure 8).
Jiaji et a/.57found that the morphology of the Fe-compounds changes from a long
needle-like form to rosettes as the melt-temperature changes from low to high. For
example, they found that for an alloy containing 1.2% Fe and melt superheating of 840
°C, the Fe-compounds present in the sample were in the needle-like form. Increasing the
pouring temperature to above 920 °C spheroidized the phase morphology. When pouring
in the temperature range 840-920 °C most of Fe-compounds appeared as rosettes with
only a small portion appearing as needles or spheroids. In the case of 1.8% Fe, poured
from below 900 °C, the morphology of the Fe-compounds was revealed as long needles.
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When the alloys were heated to 980 °C and then poured into a permanent mould, the
needle-like form of Fe-intermetallic phases changed completely into the spheroidal
shape. The room-temperature tensile strength of the alloy containing 1.8% Fe increased
by 83% and the elongation by 115%. The high-temperature tensile and elongation for the
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Figure 8 Cooling curves of a high Mg alloy (0.3% Mg) superheated to 750, 850
and 900 °C prior to casting, cooling rate 10 °C/s.10
Narayanan et al.10 found that, in the case of high Mg alloys (0.3% Mg), the a-
AlFeSi phase did not crystallize even at a high melt superheating temperature (900 °C)
and a high cooling rate (25 °C/s). In the case of low Mg content (0.003% Mg), complete
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crystallization of the Fe compounds in the cc-AlFeSi phase was achieved at a
superheating temperature of 850 °C or above, and at cooling rates of 25 °C/s or higher.
The same behavior was also reported by Awano and Shimizu,18 where the superheating
temperature inhibited the AlMgFeSi and AlFeSi compounds in Mg alloyed samples to
crystallize in a needle-like morphology. However, heating to such high temperatures
increased the chance for hydrogen pick up and increased the inclusion content.
2.1.4.6. Effect of Aluminum Oxide Transformation
Through TGA analysis, Narayanan et al.xo noticed that transformation of the y-
AI2O3 to a- AI2O3 takes place during heating at about 950 °C. The presence of the y- and
OC-AI2O3 inclusions was also confirmed by XRD analysis at low and high melt superheat
temperatures, respectively. This transformation temperature (950 °C) coincides with the
critical melt superheat temperature above which iron compounds crystallized in the a-
AlFeSi phase rather than the stable (3-AlFeSi phase form. Therefore, the change in the
crystallization behavior of Fe-compounds by melt superheating can be attributed to the y-
AI2O3 —» (X-AI2O3 transformation. With increasing melt superheat temperature, a series of
31
metastable highly porous oxide phases formed before the final conversion to the (X-AI2O3
phase,a according to the following sequence:
y -(5OO°C-85O°C) - * fr + Ô W c - 9 0 0 - c ) " • Ô "(900°C-950°c) " * (Ô + G )(950°C-1000°c) " >
9
 "(.ooo-c-ioso-c) " • ( 0 +a)(io5o<>c-noo°c) " * ( a - ^ ^ ^
The temperature values given here are only approximate, with the exact
transformation temperatures depending on a variety of factors such as impurity content,
melt holding time and stirring. The addition of small amounts of Ga, Li, Mn, Si and Cu
were reported to have a pronounced effect on the oxidation behavior of aluminum, so that
they can decrease or increase the temperature at which the transformation of the Y-AI2O3
to the OC-AI2O3 may occur, especially in commercial purity alloys.
The presence of certain alloying elements such as Mg strongly stabilizes Y-AI2O3,
since the Y-AI2O3 is isomorphous with the spinel phase, MgAkO^ and thus increases the
Y-AI2O3 —» 01-AI2O3 transformation temperature. High Fe seems to have the same effect
asMg.
a
 K. Wefers and G. M. Bell: Technical Paper No. 19, Alcoa, Pittsburgh, PA, 1972, p.l [cited by Narayanan
etal.10].
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2.1.4.7. Effect of Minor Impurity Elements
Liu et al}1 and Awano and Shimizu18 found that trace elements can play a
decisive role in stabilizing many of the intermetallic phases under conditions of fairly
rapid solidification. Allen et al.5% proposed that there should be a potent catalyst for the
nucleation of the Ali3Fe4 phase and suggested this to be the primary Al-matrix or an
undetected impurity which is present even in the super purity Al-based alloys. In
addition, they found that the metastable phase content is largely controlled by the
concentration of the solute atoms of V and P. Thus, the constitution of the alloy has a
major effect on the intermetallic phase selection. Other workers showed that the AlmFe
phase forms in the grain refined alloys provided that a certain level of V59'60 or Si59'61 is
attained in the alloy composition.
Liu et al}1 also highlighted that the sensitivity of analysis by EDX is not
sufficient to detect the presence of the trace elements in the precipitates. In addition,
Awano and Shimizu18 found that the gas content is not related to the phenomenon of
precipitation of the Fe-compounds in the Chinese script morphology because this phase
was observed when the melt was vacuum-degassed and, thus, they pointed out the strong
effect of impurity elements on the stability of phases. The same phenomenon was
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observed by Murali et al.49 They found that trace additions of Be, Cr, Mn, and Co,
individually or combined, tied up the Fe in the alloy to form new phases with altered
morphology such as Chinese script, polygons, and irregular shapes.
2.1.4.8. Effect of Mg Content
Narayanan et al.10 found that increasing the Mg content depresses the Si-eutectic
temperature; this is one of the reasons why it was more difficult to crystallize the a-
AlFeSi phase in high Mg alloys even at high melt superheat temperature, 900 °C. This
effect was also reported by Awano and Shimizu.18 However, it is more difficult to force
the p-AlFeSi phase start temperature to below the Si-eutectic temperature in high Mg
alloys by using either a high melt super heating temperature, a high cooling rate or both,
hi addition, the plate length and volume fraction of the P-AlFeSi phase increased with
Mg content due to the increase in the growth time of the primary P-AlFeSi phase.10 hi
contrast, Samuel et al.55 found that the addition of Mg to the 319 type alloys transformed
a large proportion of the P-Al5FeSi needles into the AlgMgsFeSiô compacted Chinese
script phase.
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The relationship between superheating temperature and Mg content affecting the
change in the shape of the Fe-compounds in Al-6% Si-Mg-0.4% Fe alloy castings is
shown in Figure 9. In the Al-6%Si-0.4%Fe alloy superheated to 815 °C, the Fe-
compounds almost crystallized in a Chinese script form. However, after adding a small
amount of Mg, the change in the shape of the compounds did not occur, and even when
the melt was superheated to 950 °C the Fe-intermetallic phases crystallized not only in a
Chinese script form but also in a needle-like form. The Chinese script tended to
crystallize when the solidification time became shorter even when the superheating
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Figure 9 Effect of Mg content on the structure of Fe-compounds in Al-6% Si-
Mg-0.4% Fe alloy castings.18
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In addition, it was confirmed that the compositions of the Fe-compounds in the
needle-like and the Chinese script forms were Al4.5-4.6FeSi1.2-L3 and Al5.5-6.6Fe1.3-1 .sSi,
respectively. Moreover, each Fe-compound contained about 0.1% Mg.18
2.1.5. Complex Iron Intermetallic Compounds (Sludge)
The (FeMn)Alô phase is the first phase in the Al-Fe-Mn-Si system to form over a
good part of the system where many of the commercial alloys are located. In many
alloys, the (FeMn)Alô phase reacts peritectically with liquid to form the (FeMn)3Si2Alis
phase. In high Si alloys, the (FeMn)3Si2Alis phase may be primary and since its crystals
tend to be limited by the (111) faces, it appears as more or less well formed hexagons.
These primary phases containing Fe, Mn and Cr are usually called sludge.
The sludge compounds have high melting points and high specific gravity which
causes them to settle to the floor of the melt. If stirred into the melt and incorporated into
a casting, they act as hard spots and have a detrimental influences on the mechanical and
physical properties of the cast parts.
Gruzleski et a/.13'41'62 studied the kinetics of formation and growth of the complex
intermetallic compounds in the 319 and 413 alloys. They studied alloys containing 3%
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Mn, 0.1% Cr and 0.4, 0.8 and 1.2% Fe. According to these studies, the temperature of
sludge formation increased with the Fe content of the alloy, about 650, 660 and 690 °C at
0.4, 0.8 and 1.2% Fe, respectively. The Fe-intermetallic phase formed at high
temperatures consumed some of the Si present in the alloy, and shifted the local chemical
composition of the melt to the Al-side of the phase diagram resulting in the formation of
primary Al-dendrites around the intermetallics particles. The volumetric change of
intermetallics was directly related to the number of particles nucleated in a unit area.
Thus, the process of volumetric growth is nucleation controlled. The data curves have an
exponential shape, so, a first-order reaction model was proposed as follows:
Vt = Vj exp(Rt) (2)
Where, Vt is the volume percent of sludge at time t, V, is the initial volume percent, R is a
rate constant (hr"1) and t is the time (hr).













































An empirical formula called the "sludge factor" has been suggested by Gobrechta
and Jorstadb. The sludge factor in Al-Si-Cu is used to determine how much Fe, Mn, and
Cr can cause sludge to form, and so it serves as a guide but not as a guarantee to avoid
sludging. This factor is calculated from:
Sludge Factor = (wt% Fe) + 2(wt% Mn) + 3(wt% Cr) (3)
A sludge factor of 1.8 will normally result in sludge formation if a casting
temperature of 650 °C or more is maintained, for example, in die casting alloys.
However, for lower holding temperatures a sludge factor of 1.4 or less may hold. For the
319 and 413 alloys the critical sludge factor is estimated to be 2.1.13
The effect of Mn and Fe contents on the formation of sludge is shown in Figure
10. Sludge formed at a high Fe content, e.g., 1.2% Fe, or at high concentrations of Mn
and Cr with low contents of Fe, e.g., 0.4% Fe. More than 0.2% Mn and 0.1% Cr were
needed to convert all Fe platelets to the star-like form. According to Osame, in an
alloy containing Cr, the critical Fe and Mn concentrations for sludge deposition in the
molten metal at a holding temperature o f t °C" are given by:
J. Gobrecht, Fonderie, 1977, pp. 171-173 [cited by Gruzleski13]
J. L. Jorstad, Die Casting Engineer Nov/Dec 1986 [cited by Gruzleski13]
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%Fe + {3.34 -(t-630)/7\4}%Mn = 2.39 + (*-630)/152 (4)
The critical concentrations of Mn and Cr in alloys containing 1.0% Fe at a
temperature o f t °C" are determined from:
%Mn + {4.00 + (t- 630)/333}%O = 0.40 + (t- 630)/500 (5)
Figure 10 Effect of Mn and Fe on the sludge factor of the Al-12.7% Si-0.1% Cr
alloy.62
It was found that holding the melt at a temperature of 800-850 °C for 1.5 hours
was sufficient to dissolve the intermetallics completely. The sludge formation
temperature varies with the Fe content as shown in Figure 11. Sludge is
thermodynamically unstable at temperatures above this value, which, as seen from Figure
39
11, increased with the Fe content of the alloy. The sludge formation temperature as a
62function of the Fe content is given by the power equation:
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Figure 11 Temperature of sludge formation in alloys containing 12.7% Si and three
different Fe levels, 0.4, 0.8 and 1.2%.41
However, this temperature depends on the sludge factor as presented in the work
of Gnizleski et alP The critical temperature was found to be 800 and 690°C for the 319
alloy with a sludge factor of 2.4 and the 413 alloy with a sludge factor of 2.1,
respectively.
The effect of cooling rate on the total volume percent of intermetallics formed is
shown in Figure 12. The total amount of intermetallic compounds increased with
40
decreasing cooling rate in all the alloys studied, the maximum was observed at 0.1 °C/s.62
While the total volume percent of intermetallics increased with decreasing cooling rate,
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Figure 12 Effect of cooling rate on the total volume percent of intermetallic
compounds formed in the alloys.62
2.1.6. Dissolution of Fe-Intermetallics by Heat Treatment
- 64Narayanan et al. investigated the dissolution of iron intermetallics through non-
equilibrium heat treatments for alloy Al-6% Si-3.5% Cu-0.3% Mg-1% Fe, by means of
microstructure and mechanical properties. Their conclusions are summarized below.
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With increasing solution temperature, the p-phase platelets dissolved slowly
through concurrent fragmentation along plate width and dissolution at plate tips (Figure
13). Addition of Mn hindered the dissolution of Fe-intermetallics (Figure 14 and Figure
15); the [3-AlFeSi phase underwent a substantial dissolution, whereas the a-AlFeSi phase
did not undergo any dissolution. The solution temperature plays a much more important
role than does the solution time. Non-equilibrium heat treatment increased the strength





Figure 13 Schematic illustration of the mechanism of the P-AlFeSi phase
fragmentation and dissolution process.64
The optimum solution treatment temperature was found to be between 515 and
520 °C. At this temperature range, the maximum amount of Fe-intermetallics would
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dissolve in the Al-matrix. If this temperature range is exceeded, the amount of liquid
phase increased drastically and causes premature failure of the alloy. It was also found by
fractography that the a-AlFeSi phase is more fracture resistant than the p-AlFeSi phase.
They also showed that the fragmentation of the P-phase should play a beneficial role on
the alloy tensile properties provided that the maximum percentage of porosity does not
exceed 0.1%.
AVE. LENGTH OF B-PHASE
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Figure 14 Plot of volume percent and average length of P-AlFeSi particles vs.
solution temperature for Mn-free alloy samples initially solidified at 10
°C/s.64
Awano and Shimizu18 have suggested that applying a solutioning temperature
slightly higher than the temperature of final solidification for the Al-7% Si-3% Cu alloy
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Figure 15 Plot of volume percent and average length of P-AlFeSi particles vs.
solution temperature for Mn-containing alloy samples initially solidified
atlO°C/s. 64
i65More recently, Villeneuve and Samuel investigated the effect of the solution
treatment duration on the fragmentation rate of the P-AlsFeSi phase in Al-Si-Mg alloys,
and the impact of this process on the alloy tensile properties. They also studied the effect
of modification by Sr on the P-phase dissolution. They found that the presence of a
sufficiently high concentration of Sr (~35Oppm) led to a breakdown of the p-needles into
small thin fragments via two mechanisms:
(1) Splitting of needle into two halves through the formation of longitudinal cracks.
(2) Fragmentation through Si rejection. The process proceeds by the decomposition of
the P-AlFeSi phase which takes place by the rejection of Si solute atoms at crevice
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sites. This mechanism is schematically represented in Figure 16 and the
decomposition can be expressed by the following reaction:
Al + Al5FeSi -» Al6Fe + Si (7)
Villeneuve and Samuel65 found that the solution treatment of Fe-containing alloys
accelerated the dissolution of the p-phase. The fragmentation of the P-phase led to an
improvement in the Young's modulus of the alloy. The addition of Sr and the solution
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Figure 16 Schematic representation of P-AlsFeSi decomposition during solution
heat treatment.65
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2.1.7. Role of Fe-Intermetallics in the Porosity Formation3
Two basic theories have been proposed in the literature to account for the role of
Fe in the porosity formation in Al-alloys, these are the "restricted feeding theory" and the
"pore nucleation theory".
The first theory suggests that the P-AlFeSi intermetallic platelets restrict feeding.
Since the platelets form in the interdendritic channels during solidification, they cause
physical restrictions to the movement of the compensatory feed liquid. Regions
undergoing shrinkage cannot be fed adequately and porosity is likely to form as a result.
For the Al-6.8% Si-3.2% Cu alloy, the limiting temperature15 was found to be constant at
570 °C, up to Fe levels of 0.5%, and no increase was observed thereafter with increasing
Fe content. This theory suggests that it is the origin of the P-AlFeSi phase, rather than the
nature of and/or the quantity and size of which, that likely influences the formation of
porosity.
The second theory suggests that the P-AlFeSi phase platelets are active pore
nucleation sites and also physically constrain the growth of the pores and, so, influence
a
 This section is based mainly on the three-part article of Taylor et al.66
b
 It is the temperature below which feeding is restricted and shrinkage defects arise.
46
the ultimate pore shapes. The primary objection on the pore nucleation theory is the
observation that, at least up to Fe levels of 0.4%, there does not appear to be an increase
in actual number of pores observed in any given area.66 Moreover, the presence of large
clusters of the (î-platelets within a particular area of microstructure does not lead to the
formation of more pores.
Taylor et al.66 found that Fe exhibits a strong threefold influence on porosity and
shrinkage-defect formation in the AA309 alloy (in the unmodified, nongrain-refined
condition). The aspects of this Fe-porosity effect are given below.
The development of a localized shrinkage-porosity defect, at Fe contents above
approximately 0.4%, was observed in castings produced under poor cooling and feeding
conditions. The occurrence of configuration-independent minimum total porosity and
minimum background porosity values were found at the same critical Fe content. A
change in pore morphology from discrete isolated pores of rounded and elongated shapes
to regions of spongy interdendritic porosity at Fe contents above 0.1% was observed as
well.
Taylor et al.6 showed that the highly localized porosity formation during the
solidification of an Al-5% Si alloy (AA309) only occurs at Fe levels greater than 0.4%.
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For an alloy containing 10% Si, this defect onset composition was shifted to 0.7% Fe.
They explained this in terms of the solidification sequence; based on segregation lines
calculated using the Scheil equation, see Figure 17. This shows the calculated line (bold)
that defines the compositions at which the solidification sequence, according to the Scheil
equation, proceeds directly from Al-dendrite formation to the ternary eutectic troughs
(either AT or BT). To ensure that serious Fe-related shrinkage porosity defects do not
occur, it was suggested that compositions below the bold line be chosen.
Potential problems with iron-
related shrinkage defects at
compositions above the line
No problems with iron-related
shrinkage defects for compositions
below the line
B
7 8 9 10
Silicon content (wttt)
11 12 13
Figure 17 A portion of the liquidus projection of the Al-Si-Fe ternary phase
diagram showing the relation between porosity formation and Scheil
solidification paths.66
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The casting is optimmal when solidification proceeds directly to the ternary Al-
Si-A^FeSi eutectic point, whereas the casting outcome is poor when solidification
proceeds via the binary Al-AlsFeSi eutectic region. They have also found that the critical
Fe content, at which the minimum porosity occurred, was a function of the Si content of
the alloy. The relation is given by:
Fecrit « 0.075 x Si% - 0.05 (8)
This Fe content was proposed to allow the maximum possible amount of ternary
eutectic to form.
Taylor et al.66 explained that at these Fecrjt compositions the alloy solidifies with
the most open and permeable dendritic network and, possibly, with the most mobile
interdendritic feed liquid. As a consequence, feeding is optimized at these compositions
and the lowest porosity values exist. At Fe contents on either side of the Fe^t, there
would be a smaller proportion of ternary eutectic formation and, hence, porosity
formation increased as the situation became dominated by the increasing amounts of
either Al-Si or Al-p binary eutectic; both of them reduce permeability. Moreover the Al-0
eutectic is the more detrimental of the two eutectics. The formation of major shrinkage
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porosity defects occurred more frequently and more severely as the proportion of the (Al-
P-AlFeSi) eutectic increased.
2.1.8. Identification of Fe-Intermetallics by Thermal Analysis
Thermal analysis of aluminum silicon alloys, including the identification of Fe-
intermetallics, was used by several workers (see for example Ref 46,51 and 67). The
most extensive thermal analysis of wrought and cast Al-alloys can be found in the work
of Backreud et al.46 Sparkerman and Kearney67 used the second derivative to signal the
presence of Al5FeSi in the 319 alloys. Mackay and Gruzleski51 used the same technique
to quantify the Fe content in Al-Si alloys. They showed that both time duration and
resolvable formation temperature of AlsFeSi could be used to quantify the Fe content in
the melt.
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2.2. Nucleation Kinetics and Energetics
Nucleation during solidification is a thermally activated process involving a
fluctuational growth in sizes of solid clusters. It is inherently difficult to observe the
process of nucleation because it involves such a small clusters of atoms. Consequently,
only extremely careful comparison of theoretical models and experimental results can
clarify the first stages of solidification. During the first stage of equiaxed solidification,
which is essentially nucleation controlled, the volume fraction of solid is still very small.
Changes in cluster size are considered to occur by a single atom addition or by removal
exchange between the cluster and the surrounding undercooled liquid.
After some time, the temperature of the system has risen above the nucleation
temperature and the second stage of solidifications starts, which is growth controlled. At
this stage, the number of grains present remains essentially constant and solidification
proceeds via the lengthening of dendrites, and dendrite arm thickening. At small cluster
sizes, the energetics of cluster formation reveal that the interfacial energy is dominant as
can be observed by noting that the ratio of surface area to volume of a sphere is 3/r. For
the smallest sizes, clusters are called embryos; these are more likely to dissolve than
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grow to macroscopic crystals, hi fact, the excess interfacial energy due to the curvature of
small clusters is the main contribution to the activation barrier for solid nucleation. This
accounts for the kinetic resistance of liquids to recrystalization and is manifested in the
frequent observation of undercooling effects during solidification.
It is possible to deduce that the nucleation is the dominant process at the
beginning of solidification and leads very rapidly to the establishment of the final grain
population, with each nucleus forming one equiaxed grain (except if there is dendrite
fragmentation). Note that even in the case of columnar solidification, the very first solid
in a casting always appears in the form of equiaxed grains. The conditions leading to
nucleation are therefore of utmost importance in determining the characteristics of any
cast microstructure.
2.2.1. Conditions for Nucleation
As demonstrated in Figure 18 for the case of a hypothetical metal, nucleation
begins at some degree of undercooling, AT = ATn,a which is very small in practical
a
 The undercooling, AT, is usually defined as the temperature difference between the equilibrium
temperature of a system and its actual temperature. The latter is lower than the equilibrium temperature
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situations. The usual cooling curve Figure 18(a) begins to deviate slightly at the
undercooling where nucleation occurs, ATn. At this point, the first fraction of solid, fs,
appears Figure 18(d). With further cooling, the nucleation rate, I, rapidly increases to a
maximum value, Figure 18(e), which correspond to the minimum in the cooling curve,
Figure 18(a). At this point, the growth rate, V, of the grains is at its highest. The
subsequent increase in temperature is due to the high internal heat flux, qi, arising from
the rate of transformation, fs(=dfs/dt), and the latent heat released, Figure 18(c). The
final solidification takes place after impingement of grains involving dendrite arm
coarsening at a tip growth rate, V, equal to zero. During this time interval, the number of
grains, N, remains constant.
The initially small number of grains, which begin to grow, does not appreciably
modify the cooling rate imposed by the external heat flux, qe. Increasing the undercooling
has the effect of markedly increasing the nucleation rate, I, and also the growth rate, V.
The solidification rate approaches a maximum value when the internal heat flux, qi,
when the melt is undercooled. In this case, AT is greater than zero. The term, supercooling, is often used
interchangeably with undercooling in the literature.
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which is proportional to the latent heat of fusion and the volume rate of transformation,
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Figure 18 Thermal history of equiaxed dendritic solidification.68
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The first term on the right hand side (RHS) of Eq (10) reflects the effect of casting
geometry (ratio of surface area of casting, A, to its volume, V) upon the extraction of
heat, while the second term takes account of the continuing evolution of latent heat of
fusion during solidification. It can be seen from this equation that, during solidification,
heating will occur if the second term of RHS becomes greater that the first one. This
phenomenon is known as recalescence. For an alloy, where solidification occurs over a
range of temperatures, the variation of fraction of solid as a function of time must be
calculated from:
dt {dtXdTj
Since fs is a function of temperature, in this case:
T=
It is seen that solidification decreases the cooling rate since dfs/dT is negative.
In phase changes such as solidification, which are discontinuous, the
transformation process cannot occur at any arbitrary small undercooling. The reason for
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this arises from the large curvature associated with a crystal of atomic dimensions. This
curvature markedly lowers the equilibrium temperature, so that the smaller the crystal,
the lower is its melting point. This occurs because the small radius of curvature creates a
pressure difference between the two phases, which is of the order of 100 Mpa for a
crystal radius of 1 ran.68 The equilibrium melting point of the system is thus lowered by















calculated. For a sphere this is:
(13)
(14)
This relationship indicates that, the smaller the difference between the melting
point and the temperature of the melt (i.e., undercooling), the larger will be the size of the
equilibrium crystal.
2.2.2. Homogeneous Nucleation
Homogeneous nucleation is the process in which solid formation occurs without
the involvement of any external impurity atoms, or other surface sites in contact with the
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melt. The energetics of cluster formation for a spherical geometry can be expressed in
terms of a surface and a volume contribution as:
AG(r)= 4nr2a + — nr3AGr (15)
where, AG(r) is the free energy change to form a cluster of size r; a is the interfacial
energy which is always positive; ÀGv is the Gibbs free energy difference between the
liquid and the solid per unit volume. ÀGv is proportional to AT as:68'69
AGv=-AsfAT (16)
with the result that ÀGv is negative if AT is positive.
Thompson and Spaepen70 have proposed an approximate method for calculating
ÀGv in binary alloy systems, as a function of liquid composition and temperature. These
calculations are based on the assumption of regular solution behavior for the liquid and
ideal solution behavior for the solid. The calculations require knowledge of the
equilibrium phase diagram and the entropies of fusion of the pure components.
The behavior expressed in Eq (15) leads to the occurrence of a maximum in the
value of AG(r) when the melt is undercooled, i.e., when AT is positive, as shown in
Figure 19. It is also shown in the figure that an activation barrier for nucleation, AGcr, is
reached at a critical size, rcr, (that is, dAG(r)/dr = 0), as given by:
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-2(7 -2a7}Fm
r = = -— (17)
cr
 AGK AHf-AT
Here, AHj/TfVm = Asf (entropy of fusion per unit volume), which makes this equation
similar to Eq. (14), and:
lfrccj3
At increasing values of undercooling, rcr is reduced (rcr oc AT"1)71'72 and Gcr is
reduced more rapidly (AGCT °c AT"2).71'72 A cluster is often considered to reach a stage of
nucleus capable of continued growth with decreasing free energy when the size rcr is
achieved, but in fact stable nucleus growth ensues when the cluster size exceeds rcr by an
amount corresponding to (AGcr-£T), as shown in Figure 19, where k is the Boltzman
constant^ The relationship between cluster size and the number of atoms in a cluster, ric-,
is expressed by (ncrVa) = 4/3TI r^r, where Va is the atomic volume.
1








Figure 19 Free energy change for cluster formation as a function of cluster size.
The surface contribution to AG(r) is 47ir2a; and the volume contribution
is 47ir3AGv/3; rcr occurs at -2a/AGv.
To relate cluster energetics and fiuctuational growth to the rate of nucleation, it is
necessary to describe the cluster population distribution. Because the mixture of clusters
in an undercooled melt is a dilute solution, the entropy of mixing can be described in
terms of an ideal solution. The metastable equilibrium concentration of clusters of a given
size, C(n), is then given by:68'71
(19)
where, C is the number of atoms per cubic meter in the liquid and AG(n) is given by Eq
(15), where r is converted to n, as noted above. Equation (19) shows that there are always
crystal clusters in a melt, although they are not necessarily stable. Their numbers increase
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with decreasing value of AG(«). If the melt is superheated, d(AG(«))/dn is always
positive and the equilibrium concentration of crystal nuclei is zero. Li an undercooled
melt, a maximum in AG(«), as a function of n exists, over which clusters can escape and
form the flux of nuclei, I.
If solid nucleation is regarded as the growth of clusters past the critical size, then
the resulting cluster flux or the nucleation rate I (in m3.s"') can be represented kinetically
by the product:
I=»sLScrC(ncr) (20)
where, USL is the jump frequency associated with atom jumps from the liquid to join the
cluster and can be estimated from the liquid diffusivity, DL, and jump distance, a, as in
(Di/a2); Scr is the number of atoms surrounding a cluster that is roughly (4ft rj./a2); and
C(nCr) is the concentration of critical clusters.
The full expression for steady state nucleation rate is then:71
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Figure 20 Steady-state nucleation rate as a function of undercooling below the
melting point.
-3For typical metals, C ~ 10 m , DL ~ 10'ym7s, and ao ~ 0.3xl0"ym, so that:.71.73
/«1040exp - 3k-AH2fT-AT2
(22)
This relation shows a rather steep temperature dependence as illustrated in Figure
20. At low undercooling, the nucleation rate is primarily controlled by the driving free
energy; at high undercooling, nucleation is limited by the diffusional mobility. At high
temperature, the temperature dependence of I is dominated by the driving free energy
term, which is contained within the exponential dependence on the activation barrier, and
I can vary by a factor of about five per degree Celsius.
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2.2.3. Heterogeneous Nucleation
Homogeneous nucleation is the most difficult kinetic path to crystal formation,
because of the relatively large activation barrier for nucleus development (AGCT). To
overcome this barrier, classical theory predicts that large undercooling values are
required, but in practice, undercooling values of only a few degrees or less are the
common observation with most castings. This behavior is accounted for by the operation
of heterogeneous nucleation, in which foreign bodies such as impurity inclusions, oxide
films, or crucible walls act to promote crystallization by lowering (AGcr)-
A purely geometrical calculation shows that when the solid/liquid interface of the
substance is partly replaced by an area of low-energy solid/solid interface between the
crystal and a foreign solid, nucleation can be greatly facilitated. In addition, because only
a single nucleation event is required for the freezing of liquid volumes, the likelihood of
finding a heterogeneous nucleation site in contact with a bulk liquid is great. Indeed it has
been established that even in a sample of high-purity liquid metal there is a nucleant
particle concentration of the order of about 1012m"3.71 Only by using special sample
preparation methods to isolate the melt from internal and external nucleation sites, by
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subdivision into a fine droplet dispersion has it been possible to achieve undercoolings in
the range of 0.3 to 0.4 Tf.
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Figure 21 The interfacial energy relationships among a planar nucleant substrate
(n), a spherical sector solid (S), and the liquid (L).
The action of heterogeneous nucleation in promoting crystallization can be
visualized in terms of the nucleus volume that is substituted by the existing nucleant, as
illustrated schematically in Figure 21. For a nucleus that wets a heterogeneous nucleation
site with a contact angle, 9, the degree of wetting is obtained from the condition of static
equilibrium and is expressed in terms of cos0 = (pnL -onS)/oLS , where the interfacial
energies are defined in Figure 21. As 0 approaches 0°, complete wetting develops; as 6
approaches 180°, there is no wetting between the nucleus and the nucleant (which is
inert), and the conditions approach homogeneous nucleation. When 0 lies outside the
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stated limits, there can be no equilibrium of the surface tension forces,74 and either the
liquid or the solid phase will spread over the catalyst surface.
The energetics of heterogeneous nucleation can be described by a modification of
Eq (15) to account for different interfaces and the modified cluster volume involved in
nucleus formation, hi terms of the cluster formation shown in Figure 21, the free energy
change during heterogeneous nucleation is expressed by:
AG ( r L = VscAGy + ASIpSL + AnScnS - AnLanL (23)
where, Vsc is the spherical cap volume and ASL, Ans and AnL are the solid-liquid,
nucleant-solid and nucleant-liquid interfacial areas, respectively.
When the volume and relevant interfacial areas are expressed in terms of the
geometry of Figure 21, the evaluation of AGCTfor heterogeneous nucleation yields:
. _ /, A IOTTCTI. |~2-3cos0 +COS3G1 / \TWnYI ,^A\
AG^het) = - ^ r = AGcr(hom)l/(e )J (24)
Thus, the barrier for homogeneous nucleation is modified by J{Q), the shape
factor/ during heterogeneous nucleation. This heterogeneity factor responsible for
y(0) may be termed as the catalytic efficiency, as defined by Maxwell and Hellawell.69
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nucleation has a composition independent potency. The physically maximum nucleation
rate occurs with the nucleus composition that minimizes a
 SL f(Q)/ AGr.•2 69
Table 4 Critical dimensions and activation energy for the nucleation of a
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The critical parameters of homogeneous and heterogeneous nucleation are given
in Table 4. Over the variation of 0 ranging from complete wetting (9 = 0) to nonwetting
(9 = 180°),/9) or [AGcr(het)/ AGcr(hom)] various from 0 to 1.0, as illustrated in Figure 22
and tabulated in Table 5. It is important to note that the value of rCT for the curvature of
the critical nucleus does not change in the classical analysis of heterogeneous nucleation,
but the reduction in activation barrier (Figure 22) has a significant influence on
nucleation rate. This feature is also described in Figure 22, in which the spherical cap size
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Figure 22 The variation of shape factor/(0) and spherical cap size, h/r as a function
of the contact angle, 6.71
-3 _-!-,The rate of heterogeneous nucleation Ihet (m~ -s" ) is given by:
(25)
where, 2nr^r(l - cos6 )/a2 is the value of surface area for spherical cap geometry, Ca is the
concentration of critical clusters, represented in terms of the number of surface atoms of
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the nucleation site per unit volume of liquid, which is in the order of 1020. The rate of
heterogeneous nucleation for typical metals is given by:.71,73
3k-AH} T-AT2
(26)































2.2.4. Nucleation from Coherent and Semi-coherent Interfaces
For coherent nucleation, the total strain energy of the interface is the dominant
term,75 and probably the one of importance in nucleation calculations. Christian74 gives





where, \x is the shear modulus, 8a is the disregistry between the nucleant and the nucleus,
v is the Poisson ratio, and u p is the specific volume of atoms on the P phase.
For semicoherent interfaces,13 the free energy for nucleation varies with ô. When 8
is small, the strain energy is small. As 8 increases, the strain energy term increases
parabolically while the contribution of dislocations to the energy is approximately linear
with 8. At small 8, coherency is favored since strain energy is small and the free energy
for nucleation has its smallest value. As 8 increases, dislocation geometries become more
favorable for taking up the misfit at the interface. The critical free energy for nucleation
then becomes dependent on this term.
2.2.5. Inclusions and Their Role in the Solidification of Al-Alloys
It is well established that a large variety of inclusions are present in small
quantities in commercial aluminum and aluminum alloys. The common types of
inclusions in aluminum are: oxides, carbides, borides, nitrides, chlorides, and
fluorides.76'77'78'79 Commercial aluminum contains 6 to 16 ppm oxides. These are mainly
a
 The disregisrty between the two phase a and P, with lattice parameters, a! and a2 respectively is equal to:
8 =(ai -a2)/a2
b
 For semi-coherent interfaces the interface energy is composed of strain energy and dislocation energy.
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CC-AI2O3 and Y-AI2O3 in addition to some dispersed amorphous aluminum oxide particles.
The dominant oxides in aluminum-magnesium alloys are A^MgC^ and MgO. The
common carbide in aluminum is AI4C3. Material obtained from electrolysis cells
normally contains 10 to 35 ppm AI4C3. A few very small TiC particles have also been
detected in aluminum alloys. Ordinary aluminum contains less than 1 ppm bondes and
grain-refined material 10 to 100 ppm borides. The common borides are TiB2 and VB2. In
addition, in aluminum matrix composites, reinforcing phases (particulates or fibers) such
as AI2O3, graphite, mica, S1O2, zircon, MgO, sand, TiC, ZrO2, TiO2 and lead are
commonly used, to provide different characteristics to the composite properties. ' '
These inclusions and dispersed particles play an important and indispensable role
in facilitating the crystal nucleation process of the matrix phase and other primary
phases, since the high-energy crystal-liquid interface is partly replaced by an area of
low-energy crystal-inclusion interface.68 Several observations have confirmed the
nucleation of different phases on the surface of inclusions. For example, carbon, alumina
and silicon carbide particles were shown to be preferential nucleation sites for the
primary silicon particles in Al-Si alloys.84 It was also observed that certain inclusions act
as potential nucleation sites for some iron-bearing phases.1 Other authors19 reported that
69
the addition of grain refiner to dilute Al-Fe-Si alloys increased the presence of the 0-
Ali3Fe4 phase with respect to the AlôFe phase in the solidified microstructure. More
recently, it was found that in casting practice, if pushed to solute rich interdendritic
regions, boride particles could nucleate intermetallics with a well-defined orientation
relationship.85
However, a major part of the examination of nucleation in aluminum-base alloys
has been spent in the study of the mechanisms of grain refinement, specifically, those
associated with the presence of A^Ti, TiB2, AIB2, TiC, etc, where the focus was on
rationalizing the usefulness of such grain refiners.71 The actual evidence that any one
nucleant may be associated with the initiation of solidification is not extensive. It does
not seem to have been clearly established that these proposed nucleants operate singly or
in association with each other or other nucleants already existing in the melt.
Furthermore, the role and the catalytic activity of the inclusions in the solid nucleation
process have not been systematically studied.
Considering how inclusions (or dispersed particles) can affect the structure of
engineering alloys, systematic studies of their role during solidification have to be carried
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out, in order to rule out the possibility of generalization. Such generalizations usually
result from single observations and may lead to incorrect conclusions.
2.2.6. Introducing Particles to Alloy Melts
To conduct these systematic studies, appropriate amounts of the solid particles
must be introduced into the molten alloys. There are different techniques for introducing
particles into a melt, a review of which can be found in Ref [86]. A suitable technique
that allows the introduction of different particles irrespective of their wettability and
chemical reactivity must be used, hi addition, the incorporation of undesirable surface
oxides or gas bubbles has to be minimized, or even avoided, if possible. The gas injection
technique was found to satisfy these requirements.
hi order to predict particle transfer behavior during gas-to-liquid transfer,
approximate thermodynamic and kinetic models have been proposed. The engulfinent of
particles by an electromagnetic stirred melt was studied by Ilegbusi and Szekely.88 The
balance among surface forces, the force of gravity, and the drag force exerted on the
particles was established; hence, the melt velocity was estimated based on the system
variables. The Neumann's89 thermodynamic approach ignores the effect of buoyancy
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forces acting on the particle. According to this model, the total free energy change
involved in the transfer of particle from gas to liquid must be negative for spontaneous
transfer. In comparison, the work of Rohatgi and coworkers90'91 is more exact as it takes
into account the buoyancy forces. The spontaneity of particle transfer can be predicted
from an analysis of the energy path involved.
2.2.7. Inoculation Practice
There is a wide commercial application of cast alloy treatments that modify the
initial solidification characteristics to provide a means for effective control of grain size
and morphology. Inoculation is the common approach to grain refinement, and it involves
the introduction of nucleating agents to a melt either externally in the form of fine
dispersions or through internal means by phase92 or chemical reactions93'94 (segregation
process at the melt-nucleant interface) that result in the formation of a solid reaction
product.
The basic requirements71'95 of an efficient nucleant can be assessed from
consideration of the nucleation theory. To promote the formation of crystals on a
nucleant, the interface between the nucleant and the liquid should be of higher energy
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than that between the nucleant and the solid crystal. A means of maximizing this
condition is to provide a nucleant crystal relationship that is associated with a good
crystallographic fit between the respective crystal lattices, hi fact the potency of a given
crystal is believed to increase with decreasing lattice disregisrty.71'95
According to Turnbull and Vonnegut,96 the heterogeneous nucleation of crystals
on a catalyst is enhanced by good lattice disregistry across the nucleation interface. This
theoretical approach, which was adopted as a basis for the prediction of useful inoculants,
failed in practice. Some workers reported experimental results in full disagreement with
the Turnbull and Vonnegut96 crystallographic theory of crystal nucleation (see for
example the work of Zhang and Cantor97). Others proved that the physical and chemical
characteristics of the nucleant surface are more important for nucleation than the lattice
disregistry,98 while Porter and Easterling" concluded that the lattice disregistry is unable
to account for the effectiveness of nucleants. hi their review, Cantor and O'Reilly100
showed that catalysis is dominated by chemical rather than structural compatibility at the
nucleating interface. As a result, the nucleation theory based on the theoretical model of
lattice registry, has failed in the prediction of efficient nucleants and, therefore, it has
been primarily used to rationalize the identification of useful nucleants.71
73
For effective nucleation, the melt should tend to wet the surface of the nucleant,a
and for a uniform refining; the solid nucleant should remain widely dispersed in the
liquid. Nakao et al.101 showed that the very effective agents for grain refining were
obtained when the carbides were under the following conditions at the same time: large
free energy for formation; small density; crystal structure of NaCl-type and small size
factor for aluminum.
Within the basic requirements of effective nucleantion, there appear to be two
general classes of compounds that are effective in aluminum base alloys. The first group
includes A^Ti, A^Zr and AlyCr and can be considered to be associated with a peritectic
reaction. The second group comprises compounds such as TiC, T1B2 and AIB2, which are
added either intentionally or which result from a chemical reaction in the melt with
residual impurities. It is useful to note that the undercooling required to activate
solidification is usually less than 5°C. Despite the rather extensive discussion concerning
the mechanism of action and the activity of these proposed nucleants, the strongest
a
 Maxwell and Hellawell69 clarified that the catalytic efficiency, f(9), is not necessary to relate to the
physical contact angel, but can be considered as the efficiency of the inoculant.
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evidence for the operation of compound nucleants is derived from the observed
orientation relationships.
The crystallographic relationships that have been observed involve planes of
relatively close packing between the nucleant and the aluminum with disregistries of
usually less than about 10%. The issue of specific nucleant identity is not significant
considering that in commercial melts the rather broad spectrum of background catalysts
may often result in solidification at undercoolings of about 5°C. Indeed, only 1 to 2% of
all the potential nucleant particles in a master alloy addition result in the formation of
grains.71 Furthermore, it has not been clearly established that these proposed nucleants
operate singly or in association with each other or with background nucleants in the melt.
Grain Refinement
According to Maxwell and Hellawell,69 the ranking of the various particles in
terms of their catalytic activity for nucleation is not an absolute measure that can be
reflected in the degree of grain refining unless the cooling rate and alloy constitution are
also considered. In addition, it has been reported that not all the particles in a given
nucleant addition are of equal effectiveness in promoting grain refining.95 Therefore, a
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certain proportion of the added grain refiner particles is responsible for nucleation and for
the final grain size attained.
In aluminum alloys, it is generally viewed that A^Ti crystals are mainly
responsible for grain refinement at alloy compositions above 0.15% Ti, that is within the
peritectic range. For compositions outside the peritectic ranges, where the A^Ti is not
stable under equilibrium conditions/ there are basically two interpretations of the grain
refinement effect: the carbide-boride view and the peritectic reaction theory.
2.2.7.1. The Carbide Boride Model
This model suggests that a compound such as AIB2, TiE$2, or TiC is responsible
for the nucleation of aluminum crystals, because the A^Ti particles that are introduced
into the master alloy are expected to dissolve rapidly. The borides are hexagonal
structures, and the carbide is cubic structure with a relatively close fit with the aluminum
lattice. Although it is considered that a boride or carbide is the site of nucleation, the
particles do play a role in the overall grain refinement process. The dissolution of
is required, for example, to provide excess titanium to rapid crystal growth. With
Maxwell and Hellawell69 mentioned that it is not necessary for the nucleant to be an equilibrium phase.
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this viewpoint, the establishment of an optimum contact time can be related to the initial
dissolution of AI3TÏ and to the possible conditioning of the nucleant surface.
The subsequent fading reaction is related to the agglomeration and settling of the
nucleant particles. Although there is evidence of stability of boride or carbide particles in
aluminum melts and reports of observations of these particles in ingots, other observation
indicated a number of problems in attributing nucleation solely to the action of boride or
carbide particles. For example a consistent relationship between A^Ti and aluminum can
be found; however, no consistent relationship between TiB2 and aluminum was detected
even though the orientations detected for AIB2 would be expected to develop for TiB2
with a lattice disregisrty of-5.9 and -5.8%, respectively, in a and b directions.71 Excess
Ti helps to form T1AI3 at TiB2/melt interface,102 which helps the formation of cc-
aluminum. In addition boride particles have been often observed to be located at grain
boundaries, indicating that the borides were present as insoluble material and inactive
particles for nucleation during freezing.103
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2.2.7.2. Peritectic Reaction Theory
The alternative viewpoint of nucleation behavior during grain refinement was
originally developed on the basis of a peritectic reaction. Although many types of
particles are believed to be active in the nucleation of aluminum crystals at undercoolings
less than 5 °C, the presence of A^Ti is believed to offer a more active catalyst requiring
little or no undercooling. Thus, A^Ti crystals when present, will dominate in the grain
refinement nucleation. For peritectic alloys, it is clear that A^Ti can form upon cooling
below the liquidus and can promote the formation of aluminum crystals at the peritectic
temperature, Tp. At alloy compositions below the peritectic range the grain refinement
effect is expected to be reduced by the loss of A^Ti particles, which are added externally
in master alloy form. Indeed, independent A^Ti particles in liquid aluminum that is not
saturated with titanium dissolve within several minutes. On the other hand boride
particles, that is, T1B2 or (Al, Ti)B2 are observed to be reasonably stable in melts and
offer a fine particulate dispersion.
To account for the beneficial effect of incorporating boron into the master alloy
compositions and also the observation of the interaction between TiB2 and A^Ti, it
appears likely that TiB2 particles may provide an effective substrate for the nucleation of
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i for compositions spanning the peritectic reaction. During cooling of the melt or
holding (the contact time period), the T1B2 particles will react slowly with liquid
aluminum to form an (Al,Ti)B2 solution, with appropriate104 and high105 Ti/B ratio and
liberate excess titanium locally to provide for the formation of a sheath of A^Ti as a
coating on (Al,Ti)B2 particles, hi this way the boride particle is believed to act as a
substrate for the formation of the A^Ti particles at low titanium levels, that is, even in
alloys with composition below the peritectic range.
2.2.8. Master Alloys and Their Processing
Wrought or primary aluminum alloys can be readily grain-refined, while cast
alloys, containing large amounts of Si, Cu or Zn, exhibit some difficulty in attaining an
acceptable level of grain refinement using the conventional grain refiners designed for
wrought alloys. The alloying additions hinder the effect of Al-Ti-B grain refinement. The
master alloys used to refine the grains in wrought alloys are not equally efficient when
used in cast alloys.106 For example, the Al-5Ti-lB master alloy, which is a foolproof
grain refiner in wrought alloys, cannot provide an acceptable level of refining in cast
alloys. However, other master alloys such as Al-2.5Ti-2.5B and A1-4B have been
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developed in order to provide powerful grain refining in cast alloys. The latter alloys also
operate using the grain refinement effect of Al-Ti-B or Al-B. Why they are more
powerful than the A1-5TÎ-1B master alloy is still an open debate.
The effectiveness of the nucleant particles in promoting formation of the solid
phase may be affected by the morphology of the nucleating particles. Thus this relates to
the preparation conditions during master alloy processing. For example, it was observed
that Al3Ti particles may appear with different morphologies and may exhibit several
possible crystallographic relationships with the aluminum crystals. The degree of
refinement is observed to be dependant on the A^Ti morphology.71'107 In addition, the
observation of different morphologies and twining for Al3Ti crystals may account for the
variety of orientation relationships that have been observed between Al3Ti and aluminum.
Other particles such as TiB2, TiC, TiN, ZrB2 and TaB2, have been examined, but
undercooling required to initiate solidification was minimized when Al3Ti particles were
present.
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2.2.9. Effect of Inclusions, Trace Elements and Grain Refiner Additions on the
Nucleation of Fe-Intermetallics
Inclusions and dispersed particles play an important and indispensable role in
facilitating the crystal nucleation process of the matrix phase and other primary phases,83
since the high-energy crystal-liquid interface is partly replaced by an area of low-energy
crystal-inclusion interface.68 Several observations have confirmed the nucleation of
different Fe-intermetallic phases on the surface of inclusions. It was observed that certain
inclusions act as potential nucleation sites for some iron-bearing phases.10 Others
demonstrated that Sr has a poisoning effect on the nucleation sites for P-AlFeSi needles.
This reduces the number of sites available for nucleation and a lower P-AlFeSi phase
density is obtained, compared to that in the unmodified alloy. 5
Other authors reported that the addition of grain refiner to dilute Al-Fe-Si alloys
increased the presence of the 0-Ali3Fe4 phase with respect to the AlôFe phase in the
solidified microstructure.19 More recently, it was found that in casting practice, if pushed
to solute rich interdendritic regions, boride particles could nucleate intermetallics with a
well-defined orientation relationship.85
In addition, Evans et a/.108 have observed the appearance of AlmFe at a
solidification velocity of 1.33 - 2 mm/s in unidirectionally solidified Al-0.3 wt% Fe-0.1
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wt% Si, but only in the presence of Ti : B grain refiner addition. AlmFe is not, however,
promoted in the absence of Si.61 In the same alloy with or without grain refiner addition,
Ali3Fe4 and AlôFe were seen to coexist over the solidification velocity range 0.17 - 1.33
mm/s. It seems that impurity particles present in the alloy or grain refiner additions made
during casting may provide nucleation sites for phases.25 Kosage109 and Griger et al.no
have also proposed that Al-Ti-B grain refiner addition increases the number density of
nucleation sites for AlmFe in 1XXX series alloys, whereas Tesuka and Kamio111 noted
that Al-Ti-B addition to Al-0.3-0.5 wt% Fe-0.1-0.15 wt% Si promoted both AlmFe and
a-AlFeSi. Maggs et al.U2 has proposed that there may be a small lattice mismatch
between the hexagonal lattice of TiB2 and phases with orthogonal crystal axes such as
cubic a-AlFeSi and AlmFe.
Recent work by Allen et al.59'60 has shown that the nucleation of AlmFe can be
promoted by both V impurity (< 100 ppm) and Al-Ti-B grain refiner addition with or
without an excess of Ti at cooling rates as low as 0.03 °K/s. The AlmFe promotion also
occurs on the addition of Al-B or Al-Ti-C grain refiners to alloy Al-0.3 wt% Fe-0.1 wt%
Si containing - 100 ppm V. This suggests that although it is the TiB2 present in the Al-
Ti-B added to commercial alloys that is involved in the promotion of AlmFe, this
82
promotion is not grain refiner specific. Also this promotion does not require an excess
level of Ti, which rules out the adsorbed layer of A^Ti on TiB2 as being responsible for
the nucleation of AlmFe.
According to Allen et al.,25 grain refiner additions are proposed to affect the
intermetallic phase selection in three ways. Firstly, TiB2 and TiC particles that do not
nucleate the a-Al may be partitioned into the interdendritic spaces, where they may affect
the solidification of the second phase particles.109'110 The local chemistry of these
interdendritic spaces (i.e., solute element and impurity levels) may be as important for
second-phase selection as it is in determining the effect of grain refiner. Secondly,
primary grain refinement may result in a greater number density of the interdendritic
liquid spaces towards the final stages of solidification. With increasing division of the
liquid volume, nucleation and hence impurities play a more important role in influencing
second-phase selection.58 Thirdly, primary grain refinement may change the shape of the
interdendritic liquid channels (e.g., from long channels between columnar dendrites to
more convoluted shapes between equiaxed grains), forcing the second-phase particles
that form in these spaces to change their growth morphology. This may influence which
is the preferred second-phase under given solidification conditions.61
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Meredith et al}9 reported that the addition of grain refiner to dilute Al-Fe-Si
alloys increased the presence of the Ali3Fe4 phase with respect to the AlôFe phase in the
solidified microstructure. They attributed this to the effect of Si and Al-Ti-B grain refiner
on the temperature interval between the dendrite and the eutectic growth fronts from ~ 9
to ~ 16 °K. More recently, Mckay et al}5 found that in casting practice, if pushed to
solute rich interdendritic regions, boride particles could nucleate intermetallics with a
well-defined orientation relationship.
Flores et al.u3 have given the following empirical equation for the nucleation rate
of Al8FeMnSi2 crystals, formed from supersaturated liquid solution of Al-Si-Fe-Mn:
/ = K^-^q-CJiT, -TY (28)
where, KN is the rate coefficient, AGcr is the nucleation activation energy, R is the gas
constant, rl is the rate of reaction with respect to supersaturation and r2 is the rate of
reaction with respect to undercooling, Q and Ceq are the actual and equilibrium
concentrations of solute, Mn.
Wang et al.114 have discussed the nucleation behavior of precipitation in
aluminum. They provide a summary of possible nucleation mechanisms in the Al matrix.
The modeling of microsegregation and nucleation of intermetallic precipitates was
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carried out. Lacaze and Lesoult115 and Tromborg et al.n6 presented models for the
precipitation of intermetallic phases from the multi-component system (Al-Cu-Mg-Si and
Al-Fe-Si-Mn-Mg) depending on the phase diagrams, solid state diffusion and
solidification paths. The output from these solidification models includes types, amounts,
chemical compositions, number of particles per unit area and size distribution for all the
intermetallic particles.
CHAPTER 3
MATERIALS AND EXPERIMENTAL PROCEDURE
CHAPTER 3
MATERIALS AND EXPERIMENTAL PROCEDURE
3.1. Materials and Melt Preparation
The chemical compositions of the six alloys investigated are shown in Table 6 (each
composition representing the average of three spectro-analyses). About 25 Kg of each alloy
was prepared by melting in an electric resistance furnace. This amount of metal was
prepared to be sufficient for all required tests and castings, hi addition, three samples were
taken from each melt to perform spectro-chemical analysis. The first sample was taken
before the start of casting, the second after casting of one third of the melt, and the last one
before pouring the last third of the metal. The overall chemical analysis is taken by
averaging analyses of the three samples.
The alloys were poured into metallic moulds. The resulting ingots were cut into
smaller pieces, between 200-300 g each. These alloy pieces were used to carry out the
thermal analysis, intermetallic phase identification and the inclusion injection experiments
of the current work.
This group of experimental alloys is representative of the Al-rich corner of the Al-
Si-Fe system. The alloys were prepared from high purity components to avoid any











































































The other elements found in very small quantities are not shown in the table.
Alloys 1 and 2, with the same iron level (0.23 wt %) but different silicon levels,
were proposed in order to study the effect of Si content when the Fe level is low. Alloys 3
and 4 are the analogs of alloys 1 and 2, with nearly double concentrations of iron and
silicon. These compositions enable us to study the effect of a higher Fe content and an
increase in Si content. Only alloy 5 has higher iron than silicon (1.03% and 0.62%,
respectively), and was proposed in order to evaluate the effect of a very high Fe level such
as those often encountered in commercial alloys. Alloy 6, with its high Si level (6.32%) and
Fe level of 0.52% was selected as being representative of commercial Al-Si alloys. These
compositions were selected very carefully, with a view to investigating the occurrence of
the different iron intermetallic phases which can form in dilute aluminum alloys. The total
Fe+Si alloying (or impurity element) content increases gradually from alloy 1 through alloy
6. This group of experimental alloys is representative of the Al-rich corner of the Al-Si-Fe












List of inclusions used in the present study.



























Gas injection experiments for a variety of inclusions covering the most common
oxides, carbides and borides found in commercial aluminum alloys were carried out in this
work. The chemical analysis and particle size of each inclusion (powder), according to the
supplier, are given in Table 7. High purity argon, min. of 99.998% Ar, was used as a carrier




Thermal analysis tests were performed for the six alloys over a wide range of
cooling rates (i.e., solidification times) as follows. Alloy melts were poured into (i) a
graphite mold preheated to ~ 600 °C, which provided the lowest cooling rates (0.16-0.21
°C/s, depending on the alloy), and (ii) a cylindrical metallic mold with decreasing wall
thickness, kept at room temperature that provided high cooling rates (10-15 °C/s). When the
ingots temperature reached 500 °C, the ingots were brought to the ambient temperature by
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forced cooling in running water. Hereafter, the terms "metallic mold" and "graphite mold"
will be taken to represent the high cooling and low cooling conditions, respectively. Figure












Schematic diagram of the (a) graphite [G], (b) metallic [C], and (c) step-
like [SI, S4] molds used to prepare alloy castings.
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The thermal analysis was carried out using chromel-alumel type K thermocouples
and Strawberry Tree software to obtain the cooling curves corresponding to each alloy and
mold system. In the case of the graphite mold, a two-thermocouple system similar to that
used by Backerud et al.4 was employed for accuracy (see Figure 23 (a)). The starting and
termination points of a reaction were also determined according to the definitions given by
Backerud et al.46
3.2.2. Injection of Inclusions
The technique used here to introduce inclusions into the aluminum alloy melts was
developed by our group.87 Although the injection of powders into molten metal is not a new
process, different techniques were used previously. The principle of the current method is
to heat a sufficient quantity of solid particles (powder) in an inert atmosphere (argon), and
then to blow a continuous stream of these particles (carried by the inert gas) into the melt.
In the melt, the gas bubbles are continuously broken with the help of an impeller.
The injection process can be viewed as follows: during the journey through the bath,
the buoyant forces slow down the gas bubbles without affecting the velocity of the
particles. Subsequently, the solid particles contact the gas-liquid interface. A larger particle,
having sufficient kinetic energy, is able to penetrate the gas-liquid interface and enter the
bath; a smaller particle cannot penetrate the barrier and is carried to the surface of the bath.
A General view and a schematic of the inclusion addition system are shown in
Figure 24. It consists of (a) a fluidizer tube, (b) a carrier tube and a quartz nozzle, (c)
resistance heating coils, (d) an adjustable two-dimensional movable stand, (e) a melting
unit with resistance heating, (f) an impeller (stirrer) with adjustable rotation speed, and (g)
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flow diversion baffles. The fluidizer unit is a cylindrical quartz tube (45 mm diameter x 300
mm height), heated using electric resistance coils. It has a gas inlet system on one end and a
conical outlet fitted to the carrier tube on the other end. The gas inlet system has four
nozzles (1 mm diameter each) positioned in a hemispherical dome to avoid dead zone
formation (known as channeling phenomenon).117 The carrier tube, which is also heated by
electric resistance coils to compensate for the heat loss during blowing, converges
uniformly into an immersion nozzle of 2 mm diameter. The impeller system is comprised
of an alumina-coated stainless steel tube with three blades (60 mm diameter) inclined at an
angle of 45° to the stock. The impeller system is fitted to the argon cylinder outlet so that it
can be used as a degassing system before the injection stage. The injecting part of the
system is mounted on a two-dimensional movable stand so that the nozzle position can be
adjusted accordingly.











Figure 24 A general view (a) and a schematic (b) of the injection system.
To inject an inclusion type into the melt, a measured amount of the inclusion
powder (e.g., 90 g) is fed into the fluidizer tube. The powder is normally heated for 2 to 3
hours before injection. The prolonged heating is necessary to ensure that the powder is
uniformly heated and moisture-free before injection. During preheating (high temperature
fluidization), a slow stream of argon is passed through the powder bed, with a flow rate
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insufficient to lift the powder out of the fluidizer tube. The argon flow helps to break the
sticky particles (clusters) as well. The temperature of the fluidizer tube as measured from
the outside is maintained around 500 °C. The heat input to the tube should be increased
during the injection to compensate for the heat losses carried away by the argon flow.
According to the calculations of Mortensen et a/.118 and the model of Kim and
Rohatgi,83 the time taken for the temperature of the particle to become equal to that of the
melt is in the order of microseconds. Mortensen et a/.118 found that the time required to
achieve thermal equilibrium between 1.9-|j.m-diameter alumina fibers in contact with
aluminum is of the order of a microsecond. Kim and Rohatgi83 showed that for 10- and
100-}4,m-sized SiC and graphite particles, thermal equilibrium with the aluminum melt takes
less than 6 x 10"6 s. Thus, the loss of the particle temperature during transfer from the
fluidizer tube to the melt can be recovered at the onset of contact between the particles and
the melt.
In the present work, melting was done using an electric resistance furnace and 2-Kg
silicon carbide crucibles. The aluminum alloy bath was approximately 200 mm in depth
and 85 mm in diameter. The temperature of the melt was usually around 750°C at the onset
of addition. Once the melt reached this temperature, the impeller was lowered into the melt
and the flow of argon started. This degassing step took about 20 min, following which
skimming of the surface dross was done.
Once the melt was ready, the passage of argon was stopped from the impeller side
and started from the injection system side. The flow rate was increased to 10-25 ft3/hr (or
80-200 cm3/s). The nozzle was then lowered and immersed in the melt in keeping with the
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configuration shown in Figure 25. The position of the submerged nozzle in the melt was
very crucial for efficient recovery of the particles since, on blowing, the gas bubbles
carrying the inclusions must be delivered directly onto the blades of the impeller. The
direction of rotation was kept such that the impeller forced the metal down. The bubbles
must remain as long as possible in the melt to increase the probability of powder transfer to
the liquid phase. For this purpose, three factors were taken into consideration:
(1) The bubble size: the smaller the bubble size the slower it travels through the melt
before it escapes to the atmosphere. The impeller rotation speed has a large effect on
reducing the size of bubbles liberated after breaking. The rotation speed, therefore,
was kept at maximum (-600 rev./min.).
(2) The position of the nozzle in the melt: the speed of the metal in contact with the
crucible wall is theoretically zero. It is also minimum near the crucible center and
maximum in some location between these two positions. Thus, the nozzle was
placed in the middle between the wall and the center of the crucible in order to
provide the bubbles with a long helical path to the melt surface and, as a result,
increase their residence time in the melt.
(3) The direction of rotation: it was always kept such that the impeller pushed the metal
down. The result was that the liquid streams carried the bubbles to levels lower than
the nozzle position, lengthening their travel path to the atmosphere.
To avoid vortex formation, which leads to the incorporation of metal surface oxides
(dross) in the melt, ceramic baffles were used. The baffles were immersed so that 50 mm of
their length was kept under the melt surface (Figure 25).
95
Normally, injection continued for approximately 90 min to ensure adequate
introduction of inclusion particles. Agitation at the highest speed was also maintained for
about 5 min after the injection stage, to assure good mixing.
Figure 25 Dimensions (in mm) and positions of the system elements during injection.
The melt was then cast into different molds in order to achieve various cooling
rates: (i) a graphite mold preheated to ~ 600 °C, which provided the lowest cooling rates
(0.16-0.21 °C/s) and was designated by "G" throughout this thesis, (ii) a metallic step-like
mold preheated to ~ 450 °C, which provided the intermediate two cooling rates (0.76-10.3
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°C/s) that correspond to the largest and the smallest steps in the mold and were designated
by "SI" and "S4", respectively, and (iii) a cylindrical metallic mold with decreasing wall
thickness, kept at ambient temperature that provided highest cooling rates (10-15 °C/s) and
was designated by "C". Figure 23 shows the schematic diagram for the two molds. The
alloy/mold conditions and corresponding cooling rates are listed in Table 8 for the different




























































The first digit refers to the alloy, and the rest refers to the mold type.
3.2.3. Quantitative Metallography
For the purpose of studying the microstructure and various phases that were
obtained corresponding to the different cooling conditions, samples were sectioned near the
thermocouple tip (see Figure 23), mounted and polished for metallographic examination.
Quantitative analysis was carried out using an Olympus BH-2UMA optical
microscope in conjunction with a LECO 2001 image analyzer. The following
features/measurements have been evaluated:
(1) the volume fractions of the various phases and their particle characteristics,
97
(2) the percentage of particles within the a-Al phase or in the interdendritic regions, and
(3) the percentage of particles associated, i.e. in physical contact, with Fe-intermetallic
phases within the cc-Al phase or in the interdendritic regions.
The volume fraction and characteristics of phases were done using the automatic
image analyzer software, while the other measurements including the number of inclusion
particles in physical contact with Fe-intermetallic particles within the a-Al or in the
interdendritic regions have been performed manually for the different fields in the
microsection and for the different metal/inclusion systems studied in this work.
Table 9 is a typical example of the manual image analysis sheets used for evaluating
the potency of different inclusions for the nucleation of the a-Al and the Fe-intermetallics.
The data of these sheets have been processed using the EXCEL® software. Table 10 is an
example of how the image analysis data have been processed to obtain some specific
results. The following are the main results obtained (the list numbering given below refers
to the table heading numbers):
(1) the inclusion particles observed within the a-Al phase, %,
(2) the overall percentage of inclusions observed in contact with the Fe-intermetallics,
(3) the number of inclusions in contact with Fe-intermetallics in Al to the number of
inclusions observed in Al, %,
(4) the number of inclusions in contact with Fe-intermetallics in the interdendritic
regions to the number of inclusions observed in the interdendritic regions, %,
1
 Excel is a trademark for the Microsoft Inc.
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(5) the ratio of the percentage of inclusion particles in contact with Fe-intermetallics in
the interdendritic regions to the total number of inclusions in contact with Fe
intermetallics,
(6) the ratio of the percentage of inclusion particles in contact with Fe-intermetallics
within the cc-Al phase to the total number of inclusions in contact with Fe
intermetallics,
(7) the number ratio of the inclusions located in Al to the number located in the
interdendritic regions, and
(8) the percentage of inclusion particles in contact with porosity (in T1B2 alloy samples
only).
About 32528 particles were studied over 142 conditions (condition being defined as
a particular combination of alloy/cooling rate/inclusion type). The average number of
particles studied for each condition was about 229.
3.2.4. Scanning Electron Microscopy and Microanalysis
Scanning electron microscopy was used to examine the microstructure. Mapping of
some specific areas of the polished sample surfaces was also done to determine the
distribution of alloying elements within phases and around the inclusions. Electron probe
microanalysis (EPMA) and wavelength dispersive spectroscopic (WDS) analysis of the
intermetallic phases was carried out using a JEOL WD/ED combined microanalyzer (model
JXA-8900R), operating at 20 kV and 30 nA (electron beam size of ~ 1 \im).
Table 9 Example for the manual image analysis sheets








































































































































































































































































































































































































The data in bold letters are taken directly form the image analysis sheets.
The meanings of the table heading numbers are shown in pages 97-98.
Table 10 (continued)
Number of Inclusions Not in
Contact with Fe-intermetallics
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The data in bold letters are taken directly form the image analysis sheets.
The meanings of the table heading numbers are shown in pages 97-98.
CHAPTER 4
IRON INTERMETALLIC PHASES IN THE Al-CORNER OF
THE Al-Si-Fe SYSTEM
CHAPTER 4
IRON INTERMETALLIC PHASES IN THE Al-CORNER OF
THE Al-Si-Fe SYSTEM
4.1. Introduction
Commercial unalloyed aluminum and aluminum base alloys contain a
considerable amount of iron and silicon as impurities or alloying additions. Commercial
aluminum alloys, which have up to 1% of iron and silicon, can be considered ternary
alloys. As the solid solubility of iron in aluminum is less than 0.05% at equilibrium,
nearly all iron in aluminum alloys forms second-phase particles. Both iron and silicon
have partition coefficients less than unity, and accordingly segregate to the liquid
between the Al dendrite arms during the course of solidification. Therefore, when
considering the non-equilibrium lever-rule assumption, primary particles of binary Al-
Fe and ternary Al-Fe-Si phases, and even silicon can form during casting of an
aluminum-rich alloy. The chemical composition and local cooling rate are the controlling
factors that determine which phases will form22'23and their size.12'14
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Several studies26'47 have focused upon the Al-rich part of the system, where the 9-
7*7 7R
A^Fe, oc-AlFeSi and P-AlFeSi phases have been reported as equilibrium phases. ' m
addition, some non-equilibrium phases have been identified, for example, metastable
phases such as Al6Fe,23>29'n9 AlmFe30'120 and AlxFe23'31 instead of the 9-Al3Fe (or 9-
Ali3Fe4)32'121 equilibrium phase. The structure of various phases, e.g., A^Fe,33'120
Al3Fe,29'34 oc-AlFeSi35'122 and AlmFe37'38 have been investigated.
Without doubt, the binary Al-Fe and ternary Al-Fe-Si phases constitute an
important part of the microstructure in aluminum alloys. Particles formed during casting
may influence the material properties during subsequent fabrication steps or in service.
For example, the P-AlFeSi plate-like phase has a detrimental influence on the alloy
properties. The (3-phase platelets act as potential sites for crack initiation that,
consequently, results in decohesion failure.10 Other phases such as A^Fe and a-AlFeSi
are cathodic to the aluminum matrix, and when present on the surface, promote pitting
attack of the surface in conductive liquids.39 Thus, control of these phases is of
considerable technological importance.
In view of the importance of iron intermetallic phases in aluminum alloys, this
study was carried out to characterize their precipitation as affected by (i) the chemical
composition, through the use of six dilute alloys covering the Al-corner of the Al-Si-Fe
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system, and (ii) the cooling rate, where two ranges of cooling rates were employed: a
slow cooling rate range (0.16 -0.21 °C/s) resembling the sand casting condition, and a
high cooling rate range (10-15 °C/s), similar to the cooling rates observed in pressure die
casting processes. Experiments described in this chapter were designed to determine the
iron intermetallic phases that might form in the group of alloys, as a first part of the
project, which aims to study the nucleation of these phases on the surface of certain
inclusions.
4.2. Results and Discussions
As mentioned in Chapter 3, metallographic samples were sectioned from the
graphite mold and metallic mold castings close to the thermocouple tip and polished for
microstructural examination. The corresponding microstructure may be considered as
representative of the solidification conditions recorded by the thermocouples. It should be
mentioned here that, although results for all alloys have been described in detail, for the
sake of brevity, not all microstructures and cooling curves have been presented.
4.2.1. Optical Microscopy and Image Analysis
The optical micrographs of Figure 26 to Figure 29 show how the microstructure
varies with alloy composition. The intermetallic phases that form in this part of the Al-Si-
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Fe system are mainly iron-bearing phases (grouped together hereafter as iron
intermetallics). The microstructures of alloy 1 shown in Figure 26 reveal that, in general
the intermetallic phases form in the interdendritic regions. At a slow cooling rate (0.16
°C/s), the microstructure contains needle-like phases and fine eutectic regions (see arrows
in Figure 26 (a)). At a high cooling rate (10.7 °C/s), the microstructure is extremely fine






Figure 26 Microstructures of alloy 1 obtained from (a) graphite mold (cooling rate
0.16 °C/s), and (b) metallic mold (cooling rate 10.7 °C/s) castings.
Microstructures of alloys 2 and 3 (not shown) contained almost exclusively iron
intermetallic phases with dendritic (or so-called Chinese script) morphologies, in addition
to the aluminum matrix, when cooled slowly in the graphite mold (Figure 27 (a)). These
phases changed to finer lamellar and plate-like phases when the alloys were cooled in the
metallic mold, (see arrows in Figure 27(b)). Two types of intermetallic phases were
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observed in the microstructure of the graphite mold-cast alloy 4 sample: a dendritic or
Chinese script-like phase (oc-AlFeSi), and a plate-like phase (P-AlFeSi). m the fast-






Figure 27 Microstructures of alloy 2 obtained from (a) graphite mold (cooling rate
0.16 °C/s), and (b) metallic mold (cooling rate 13.8 °C/s) castings.
Alloy 5 exhibits a diversity of phases at slow cooling rate, which could not be
differentiated by the image analyzer, because of their similar gray levels, as seen in
Figure 29(a). The fast-cooled sample of alloy 5, Figure 29(b), exhibited a fine fibrous
phase and a dendritic phase (see arrows). Coarse eutectic silicon and large platelets of 0-
AlFeSi were observed in alloy 6 after slow cooling, whereas at the high cooling rate (12.8
°C/s), the structure exhibited fine, modified eutectic areas delineating the aluminum
dendrites, and a light gray phase (ô-AlFeSi) in the interdendritic regions.
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Figure 28 Microstructure of alloy 4 obtained from metallic mold casting (cooling
rate 12.8 °C/s).
(a) (b)
Figure 29 Microstructures of alloy 5 obtained from (a) graphite mold (cooling rate
0.19 °C/s) and (b) metallic mold (cooling rate 14.3 °C/s) castings.
The similar gray levels of the intermetallic phases impeded their quantitative
measurement, as various phases could not be distinguished from each other by the image
analysis system. It should be mentioned here that the Leco image analyzer recognizes
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various phases depending on their gray level which can range over a scale of 0 to 250 (0
representing the black, and 250 representing the white end of the range). The threshold
level for each phase is set by the observer and, once set, the machine measures the
volume fraction or other characteristics of the phase based upon these levels. In addition,
as there appeared to be no remarkable differences in the morphology of these phases,
particularly in alloys 1 and 5, the quantitative analysis was carried out for all the iron
intermetallics grouped together.
Volume fractions of all iron intermetallic phases were measured for each alloy
condition, and the results are plotted in the histogram shown in Figure 30. As can be
seen, the volume fraction of iron intermetallics increases as the Si + Fe content increases,
from alloy 1 to alloy 6, for both conditions of cooling. Obviously, solidification in the
graphite mold at slow cooling rates/longer solidification times resulted in a larger volume
fraction of intermetallics compared to that obtained with the metallic mold-cast samples.
The largest volume fraction of intermetallics was recorded for alloy 5, containing 1.03%
Fe and 0.62% Si. Analysis of Figure 30 shows that the Fe content is more important than
either the Si or the Si + Fe contents in determining the volume fraction of iron
intermetallics formed. The effect of silicon is less evident, as demonstrated by the
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negligible difference in the volume fractions of iron intermetallics obtained in alloys 1
and 2, and in alloys 3 and 4.
I
condition of solidification





Alloy {increasing Fe + Si)
Figure 30 Volume fraction of iron intermetallics observed in the alloys studied, as a
function of solidification condition.
Figure 31 shows the plots of (a) average particle lengths and (b) densities
obtained from quantitative analysis of the Fe-intermetallics observed in the six alloys.
Owing to the fact that slow cooling (i.e., a longer solidification time) enhances the
growth of phases during solidification, the lengths of the Fe-intermetallics are longer in
the graphite mold-cast samples compared to those obtained from the metallic mold,
Figure 31 (a). The latter samples, however, display higher densities, which is in
I l l
accordance with the fact that a greater number of smaller sized Fe intermetallics are
expected to precipitate at the higher cooling rate, to compensate for the total volume
fraction of intermetallics estimated to result in a specified alloy (depending upon its Fe
and Si contents). In general, under both cooling conditions, the density is observed to
increase with the increase in the Fe + Si content, as one proceeds from alloy 1 to alloy 6.
4.2.2. Scanning Electron Microscopy, WDS Analysis and Thermal Analysis
As mentioned previously, although results for all alloys have been described in
detail, for the sake of brevity, not all microstructures and cooling curves have been
shown.
4.2.2.1. Observed Phases
4.2.2.1.1. Alloy 1 (0.23 % Fe + 0.35 % Si)
The structure of alloy 1 contains only binary iron intermetallic phases when
solidified slowly, but also some ternary phases after rapid cooling. The results of the
WDS analysis carried out on these phases are summarized in Table 11, and correspond to
the backscattered images shown in Figure 32 for the alloy 1 sample cooled at -0.16 °C/s.
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(b)
Quantitative analysis of the iron intermetallics observed in different alloy samples obtained from the
graphite and metallic mold castings:(a) average particle length, (b) density. The (Fe + Si) increases
with the alloy number.
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Table 11 WDS analysis of iron intermetallic phases observed in the present study
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Backscattered images showing the iron intermetallics in the graphite
mold-cast alloy 1 sample (cooling rate 0.16 °C/s).
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The composition of AWFe was 64.84 wt% Al, 33.8 wt% Fe and 1.6 wt% Si,
corresponding to m = 4. Values of m = 4.2123 and m = 4.432 have been ascribed to the
phase previously by other workers. The AlôFe phase, which has the highest aluminum
content among all the iron intermetallic phases, was nearly stoichiometeric, as previously
reported by Porter and Westengen.3 '3 Its composition was 73.4 wt% Al, 26.5 wt% Fe
and 1.5 wt% Si. It can be seen from Table 11 that the chemical composition of AlxFe is
70.72 wt% Al, 26.1 wt% Fe and 1.7 wt% Si, which corresponds to x = 5.6. The structure
of this phase is not known. It has been reported to have a defective crystal structure, and a
chemical composition corresponding to x = 5.8.32
The formation of these three metastable phases at a very low cooling rate (0.16
°C/s) is in direct contrast to the findings of Miki et al.,22 Young and Clyne,23 and Kosuge
and Mizukami.50 According to these studies, the A^Fe phase is stable when obtained at
cooling rates below 1 °C/s, the AlxFe phase between 0.5° and 6 °C/s;23 and the AlôFe
phase at cooling rates in the ranges 1° - 10 °C/s,22 3° - 18 °C/s,23 or 2° - 20 °C/s.50 The
AlmFe phase is reported to be stable when obtained at cooling rates above 10 °C/s,22 18
°C/s,23 or 20 °C/s.50 Apparently, the difference in results between these studies and the
present one can be attributed to the commercial grade DC casting alloys used in the
former, which contained much higher Fe/Si ratios. In the present study, the Si content is
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considerably higher, in fact, higher than that of iron in most cases. For example, Kosuge
and Mizukami50 used an alloy containing 0.58 wt% Fe and 0.01 wt% Si, while Miki et
al.22 used Fe/Si ratios close to 10.
From a comparison of these results, it can be deduced that Si stabilizes metastable
Al-Fe phases such as AlmFe, AlôFe and AlxFe at slow cooling rates (0.16 °C/s). In other
words, Si shifts the cooling rates that are required for the stability of the binary AlmFe,
AlôFe and AlxFe phases to very low values. In addition, these phases have been reported
to contain small amounts of silicon in their composition,36 a fact that is confirmed in the
present work (to be discussed later). From the absence of A^Fe in the microstructure of
alloy 1, and according to the results of Miki et al.22 and Kosuge and Mizukami50, it is
suggested that silicon stabilizes the metastable Al-Fe binary phases and destabilizes the
A^Fe phase at slow cooling rates.
When alloy 1 was cast in the metallic mold (cooling rate, 10.7 °C/s), the Ô- and P-
AlFeSi ternary phases were observed to form. The size of these phases was small
compared to the size of the electron beam of the microanalyzer used to identify them.
Consequently, due to contamination from the surrounding matrix, chemical analysis
showed a higher aluminum content than expected. For this reason, the ratio Fe/Si has
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been used for identification of phases in almost all the rapidly-cooled samples in this
study.
It is also worth noting in Figure 32 that the binary Al-Fe phases are formed in the
interdendritic regions. The formation of these high-Fe phases (26-33 wt% Fe) in a dilute
alloy (which contained 0.23 wt% Fe) indicates that as solidification proceeded, the liquid
phase was enriched with Fe, resulting finally in very rich interdendritic liquid regions
from which the iron-rich phases could precipitate.
Thermal analysis of alloy 1 was carried out for both conditions of solidification
(metallic and graphite molds), hi the case the of graphite mold, Figure 33 (a), the cooling
curve, first derivative, and the corresponding temperature differences between the wall
and the center thermocouples (Tw-Tc) are plotted. Two reactions can be distinguished:
formation of the a-Al dendrites, and precipitation of AlôFe through a eutectic reaction.23
On the other hand, as a result of the high cooling rate, (i.e., very short solidification time,
3.9 s and, hence, low volume fraction of intermetallics formed (Figure 30)), no thermal
arrests apart from the development of the aluminum dendritic network were distinguished
in the case of the metallic mold, Figure 33 (b). The solidification range being still wide
(42 °C), the formation reactions of these phases had small heat effects. Thus, no
noticeable peaks in the first derivative curve could be observed, on account of the high
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rate of heat extraction during solidification in the metallic mold. Unlike the
microstructure of alloy 1 which contained only binary Al-Fe intermetallic phases, alloy 2
contained no binary phases, as discussed in the next section.
4.2.2.1.2. Alloy 2 (0.23 % Fe + 0.49 % Si)
The data obtained from WDS analysis of the alloy 2 sample is also listed in Table
11. The oc-ALFeSi phase with its characteristic dendritic- or Chinese script-like
morphology is formed during slow cooling. The average composition of the phase was
27.4 wt% Fe and 7.6 wt% Si. In addition, some traces of Cu and Mn were found in this
phase. As the composition of alloy 2 differs from that of alloy 1 only in its higher Si
content, this leads to the conclusion that a Si content greater than 0.35 wt% stabilizes the
a-AlFeSi phase. By contrast, the high cooling rate of the metallic mold promoted the
formation of other phases, such as the P-, ô-, and qi-AlFeSi phases, which were generally
distinguished by their higher silicon contents. As Figure 34 shows, the collective
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(a)
Plots of thermal analysis data obtained for alloy 1 (Al-0.35 % Si-0.23 % Fe) solidified in (a) graphite, and (b)
metallic molds. Tc: temperature corresponding to thermocouple at center of the mold, Tw: temperature
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Figure 33 Plots of thermal analysis data obtained for alloy 1 (Al-0.35 % Si-0.23 % Fe) solidified in (a) graphite, and (b)
metallic molds.
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The a-AlFeSi phase displayed a noticeable thermal arrest in the cooling curve of
alloy 2 cast in the graphite mold, Figure 35. The temperature of formation range was 633-
611 °C, with a peak at 624 °C. The starting and termination points of the reaction were
determined according to the definitions given by Bâckreud et ai.46 Unlike the a-phase,
the heats of formation of the P-, and qi-AlFeSi phases observed in the metallic mold-cast
sample of alloy 2 were too weak to be detected, due to (a) the very short period of time
over which these phases formed, (b) their very small volume fractions and (c) the high
rate of heat extraction of the metallic mold. The exception was the S-phase. It formed in
the temperature range 611-600 °C, with a reaction peak at 604 °C, and a very short time
of formation, 0.3 s.
Figure 34 Secondary electron image depicting the morphology of the iron
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Figure 35 Plot of thermal analysis data obtained for alloy 2 (Al-0.49 % Si-0.23 % Fe) solidified in the graphite mold.
fO
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4.2.2.1.3. Alloy 3 (0.55 % Fe + 0.62 % Si)
The graphite mold-cast structure of alloy 3 contained a-AlFeSi and Si-rich
spheroids, as shown in Figure 36. The chemical composition of the a-AlFeSi phase lies
in the same range as that observed in alloy 2 (Table 11). The Si-rich spheroid is probably
a liquid inclusion. At the high cooling rate, both a- and ô-AlFeSi phases were observed
to form (Figure 37). The cooling curve for the slowly cooled alloy 3 sample (not shown)
shows that the thermal arrest of the a-AlFeSi phase is similar to that observed for alloy 2
when cooled slowly (Figure 35). The temperature of formation range of the a-AlFeSi
phase was 631-615 °C, with the reaction taking 40 s. Apparently, the a-AlFeSi phase has
a high latent heat of formation.
On the other hand, well-defined peaks of two reactions corresponding to the
formation of a- and ô-phases were identified from the thermal analysis curve of alloy 3
cooled in the metallic mold (Figure 37). The first reaction took place between 635 and
625°C, with a temperature peak at 630°C, corresponding to the formation of the a-phase.
The other reaction occurred between 617 and 609°C, and reached a maximum at 612°C,
corresponding to the formation of 5-AlFeSi.
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4.2.2.1.4. Alloy 4 (0.56 % Fe + 0.90 % Si)
The microstructure of alloy 4 obtained from the graphite mold casting contained
both p- and oc-AlFeSi phases (Table 11), the two major iron intermetallic phases that
form in commercial aluminum alloys. The average composition of the P-phase was 60.7
wt% Al, 26.4 wt% Fe and 14.1 wt% Si, (in addition to some trace elements of Cu, Mn
and Cr), corresponding to a formula of AUjsFeSi, which lies between those reported
previously by Phillips47 (Al9Fe2Si2) and Mondolfo124 (Al5FeSi). The cc-AlFeSi phase was
observed more frequently than the p-AlFeSi phase in alloy 4. The chemical composition
of the cc-phase corresponded to 62.7 wt% Al, 30.2 wt% Fe, 8.4 wt% Si, and 0.5 wt% Cu
with traces of Mn and Cr.
The oc-phase shows some variations in chemical composition, as is clear from a
comparison of its compositions in alloys 2 and 3. Bàckreud et al.46 have suggested that if
Cu partially substitutes for Al, and Mn for Fe, the formula (Al+Cu)x(Fe+Mn)ySi may be
proposed, where x and y represent the appropriate values. The p-phase, on the other hand,
undergoes negligible variation in composition and morphology; it dissolves less trace
elements and retains its plate-like morphology.
Figure 36 Backscattered images obtained from the alloy 3 sample cast in the graphite mold. The image to the left shows a
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Figure 37 Plot of thermal analysis data obtained for alloy 3 (Al-0.62 % Si-0.55 % Fe) solidified in the metallic mold.
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At the high cooling rate, only the ô-phase forms (Table 11). The ô-Al4FeSi phase
is the highest silicon-bearing phase in the Al-Si-Fe system. As can be seen from Figure
28, its morphology is needle-like. This phase was reported to have nearly equal weight
percentages of iron and silicon.24'124 Its melting temperature is 870°C (a peritectic
decomposition).24'124 Therefore, it is stable below this temperature.
The thermal analysis data for alloy 4 is presented in Figure 38. The a-phase,
formed through a eutectic reaction simultaneously with aluminum, has a dendritic-like
morphology. The reaction took place in the temperature range 634-625 °C for a period of
38 s, with a maximum derivative peak at 631.5 °C. At lower temperatures, 614-600 °C,
the P-phase formed through peritectic decomposition of a-AlFeSi. This reaction has its
maximum at 610 °C. The formation of ô-phase takes place at 621-611 °C. No other phase
was observed in the microstructure except the ô-phase, and it showed some variation in
the Fe/Si atomic ratio. This variation is the result of the partial transformation of the ô-
phase to the P-phase through the peritectic decomposition:124
liq. + ô-Al4FeSi2 -> P-Al5FeSi + Si (29)
According to this reaction, the Ô-phase particles start to transform into the P-
phase. Under conditions of high cooling rates and short solidification times, only very
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since the reaction is totally controlled by the diffusion of silicon out of the 8-phase,
(which is generally slow.) hi the case of large ô-phase particles, the reaction dies before
completion, resulting in the formation of semi-decomposed/semi-precipitated ô-fî,
composite particles. These particles should contain a higher silicon content than the p-
phase, corresponding to their O-phase roots, hi addition, the microanalysis of these
composite particles should rarely reveal a silicon level as low as that observed in the P-
phase (the condition of complete peritectic decomposition). Such particles composed of
the ô-phase in the core and P-phase on the outside, constituted the majority of particles
that were selected for WDS microanalysis due to their relatively large sizes. This is
evident from the chemical analysis of the 8-phase (or 8-P composite particles) in alloys 1,
2, 3 and 4 listed in Table 11.
4.2.2.1.5. Alloy 5 (1.03 % Fe + 0.62 % Si)
Various iron intermetallic phases, both binary Al-Fe and ternary Al-Fe-Si, were
observed to have formed in alloy 5 under the two conditions of solidification. It is to be
mentioned that alloy 5 contains the highest iron content among the six alloys studied. At
the slow cooling rate (0.19 °C/s), the binary AlmFe, Al3Fe and AlôFe phases are observed
to precipitate. Their chemical compositions are listed in Table 11. The chemical
composition of the AlmFe phase (32.2 wt% Fe and 1.7 wt% Si) corresponded to an m
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value of 4.25, which is higher than the m value obtained in alloy 1. The equilibrium
phase, A^Fe, forms a eutectic with aluminum at about 652 °C. Its composition is 37.2
wt% Fe and 1.5 wt% Si, which gives a stoichiometry of Al3.43FeSi0.08- This formula lies
in a composition range of Al33.35FeSi0.05, which was reported earlier by Dons.45 On the
other hand, the metastable A^Fe phase also forms a eutectic with aluminum, the
eutectic temperature being a few degrees lower than that of the Al-A^Fe eutectic.46'125
The relation between the stable Al-A^Fe and the metastable Al-AlôFe systems resembles
the well-known one between the stable Fe-C and metastable Fe-Fe3C systems involved in
the solidification of cast irons.125 The iron content measured in AlôFe is similar to that
found in alloy 1, viz., ~26 wt%, but its silicon content is higher, 1.8 wt%. From these
observations, we may conclude that the binary Al-Fe phases form only at slow cooling
rates (0.16-0.19 °C/s) in low-Si alloys (e.g., alloy 1 containing 0.35 wt% Si) and/or high-
Fe alloys (e.g., alloy 5 with 1.03 wt% Fe).
The oc-phase also precipitated under the same conditions, and was observed more
frequently in the microstructure. This leads to the conclusion that the composition of
alloy 5 lies in the field of the Al + a +Al-Fe binary phases, and close to the boundary line
of the cc-phase. The a-phase has a composition of 29.2 wt% Fe and 8.1 wt% Si, with a
stoichiometric formula of Al9.2Fe2Sii.i The Fe/Si atomic ratio measured in these particles
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was roughly the same as that found in the a-phase particles after rapid cooling (Table
11).
The qi-AlFeSi phase was composed of small, more or less rounded, particles that
were arranged in feather-like or dendritic-like patterns (see Figure 34). These particles
contained 13 wt% Fe and 4.3 wt% Si, a composition similar to that of the qi-phase
particles observed in alloy 2, both conforming to the composition range reported recently
by Liu and Dunlop.17'126 For commercial purity alloy with a Fe/Si weight ratio of 2, these
authors noted that the a-AlFeSi and qi-AlFeSi phases dominated at high cooling rates,
which corresponds exactly to our observations in the case of alloy 5 (Fe : Si = 1.03 : 0.62)
cooled in the metallic mold.
The AléFe phase forms in the temperature range of 643-638 °C (for 18 seconds),
as indicated by reaction 2 in the thermal analysis curve of the alloy shown in Figure 39.
The a-AlFeSi phase precipitates subsequently, between 630° and 618 °C for 34 seconds,
followed by the AlmFe phase, which occurs between 618° and 604 °C, for duration of 43
seconds. Rapid cooling widened the range of a-phase formation to 629°-611 °C {cf.,
630°-618 °C in the slowly cooled sample), but still maintaining the reaction peak at 625
°C. hi addition, the qi-phase formed between 590° and 570 °C, the reaction showing a
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weak heat effect and taking place over a long period of time (~ 3 s) when compared with
the total solidification time, 6.8 s.
4.2.2.1.6. Alloy 6 (0.52 % Fe + 6.32 % Si)
The only iron intermetallic phase found in the microstructure of the graphite
mold-cast alloy 6 sample was P-AlFeSi, with a composition of 56 wt% Al, 26.8 wt% Fe
and 14.8 wt% Si, and containing some trace elements such as Cu, Mn and Cr (Table 11).
This corresponded to a formula of ALusFeSiu, which is in good agreement with previous
findings.27'124 The lengths of the P-phase platelets observed in this case (an overall
average of 15 urn, with certain platelets reaching up to 150 (am, Figure 40) are longer
than those found in other cases (see Figure 31). This may be accounted for in part by the
slow cooling rate, and in part by the high Si content of the alloy. It is believed that the
exceptional high stability of the P-phase (equilibrium phase) within this region in the
system also played a role.
The ô-phase was the only iron intermetallic phase that was found in this alloy at
high cooling rates (Table 11). The phase was less distinguishable from the silicon
particles (than, for example, the p-phase) when viewed in the optical microscope/image








Cooling rate = 0.19 C/s
Solidification range = 50 C
Solidification time = 268 s
Reaction 1:
development of dendritic network
temperature range = 651-648 C
time of reaction = 113 s
Reaction 2:
liq = AI + AI6Fe
temperature range = 643-638 C
time of reaction = 18 s
Reaction 3:
AI6Fe=AI + ct-AIFeSi
temperature range = 630-618C
time of reaction = 34 s
Reaction 4:
AI6Fe = AlmFe = AI3Fe
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Figure 39 Plot of thermal analysis data obtained for alloy 5 (Al-0.62 % Si-1.03 % Fe) solidified in the graphite mold.
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Figure 40 Microstracture of alloy 6 obtained from graphite mold (cooling rate 0.18
°C/s). Arrows show the p-AlFeSi phase in the ternary eutectic Al-Si-P (short
fine particles), and the primary p-AlFeSi phase (long platelets).
Due to its high silicon content (6.3 wt%), the solidification range of alloy 6 is wide (82
°C). The solidification of the alloy at slow cooling rate, 0.18 °C/s, started with the development
of the aluminum dendritic network (in the range 617°-610 °C for 76 s). After that, the silicon
eutectic reaction took place around 575°-571 °C, lasting for a longer time (138 s) than the
preceding or the succeeding reactions. Solidification ended with the final reaction
corresponding to the formation of the p-phase, which precipitated between 565° and 536 °C for
about 102 s (see Figure 41). The reaction of formation is a ternary eutectic reaction:
liq (rich in Fe and Si) (Al + Si) + P-AlFeSi (30)
The temperature range of this ternary eutectic reaction is relatively wide (565 to 536 °C,
see the plot of thermal analysis data in Figure 41). This may be attributed to the smoothing
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schedule that was followed in order to make the chart more readable, which flattens the peaks
of the first derivative. This effect may be very great, especially when the projection target-
curve (the cooling curve in this case) has a large slope. In addition, some trace elements such as
Cu, Mn and Cr were analyzed in the p needles. These elements might lower the eutectic
temperature through the concurrent formation of their complex compounds very late at the end
of solidification.
The interesting aspect of p-phase reaction is that unlike the silicon eutectic temperature,
which is only slightly affected (less than 7 °C) by variations in cooling rate, the P-phase start
temperature decreases with decreasing iron content, increasing cooling rate and increasing melt
superheat temperature until it eventually starts with the silicon eutectic temperature.10'11'51 In
the case of alloy 6, the silicon eutectic precipitates first then the P-AlFeSi phase as is clear from
the thermal analysis data (Figure 41) and the short fine P-AlFeSi particles dispersed within the
eutectic Si areas (Figure 40). However, for kinetic reasons, i.e., difficulties to nucleate the
silicon crystals (as a result of the purity and cleanliness of the alloy), some primary p-AlFeSi
phase forms before the start of the main eutectic reaction. This would explain the appearance of
some evidently large P-AlFeSi platelets in the structure (Figure 40). A similar situation took
place during the solidification of the high purity alloy A356.2 as reported by Backreud et al.46
The formation of P-AlFeSi phase before the main eutectic is not highlighted in the
sequence of solidification (Figure 41) since it is an exception that might occur or not,
depending on the purity of the alloy. In addition, no evidence was encountered for this reaction
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Figure 41 Plot of thermal analysis data obtained for alloy 6 (Al-6.32 % Si-0.52 % Fe) solidified in graphite mold.
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The solidification range was observed to decrease from 82 °C at 0.18 °C/s to 61
°C at 12.8 °C/s cooling rate, owing to the fact that the ô-phase has precipitated as a pro-
eutectic phase (610°-603 °C), whereas it increased at the slow cooling rate, due to the
precipitation the p-AlFeSi as a post-eutectic phase after the completion of Si
precipitation. The difference in solidification range between the two cases was about 20
°C, which corresponds to the range of P-phase formation. Consequently, this would
explain the formation of a high-Si phase such as ô-AlFeSi in the alloy at high cooling
rates, since it precipitated from a Si-rich liquid. It would also explain the precipitation of
the |3-AlFeSi phase (with a relatively lower silicon content compared to the ô-phase)
during slow cooling, from the silicon-depleted liquid that remained after precipitation of
silicon.
4.2.3. Effect of Cooling Rate
Cooling rate plays a basic role in stabilizing the different iron intermetallic phases
in aluminum alloys, so that some phases are stabilized only at slow cooling rates, such as
the binary Al-Fe phases, others are stabilized at intermediate cooing rates, and still others,
such as the ô-AlFeSi and qi-AlFeSi phases, at only high cooling rates. There are also
some phases, e.g., cc-AlFeSi, which have high stability over a wide range of cooling rates.
Slow cooling rates result in the formation of stable phases, whilst high cooling
rates lead to the precipitation of metastable phases. The intermetallic phases that appear
in a microstructure are controlled not only in terms of whether the cooling rate is high or
low, but, more accurately, also by the fact that each of these phases is associated with
certain cooling rate ranges. This fact is indispensable for a proper understanding of the
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alloy system. In view of this, some studies have specified the occurrence of Al-Fe binary
phases in certain cooling rate ranges.22'50 More recently, Young23 has constructed cooling
rate regimes for the formation of different intermetallic precipitates in hypoeutectic Al-Fe
alloys. This problem was approached in part here by a thermal analysis study of the
alloys investigated at different cooling rates.
4.2.4. Range of Homogeneity
Some of the phases which were investigated in this study displayed a range of
homogeneity. Their chemical compositions are summarized in Figure 42. Among all of
the identified phases, ct-AlFeSi has the widest range of homogeneity, a fact that was
mentioned by Rilvin and Raynor in their review.24 However, they did not distinguish
between the different types of cc-AlFeSi which have close chemical compositions but
different crystal structures. Figure 42 shows that there are two phase chemistries that are
classified generally as the ct-AlFeSi phase, and both have the dendritic-like (Chinese
script) morphology. At the same time, their chemical compositions lie close to each other
within the range of occurrence of the a-phase. The first type is designated a' - the phase
referred to repeatedly in the literature as AlsFe2Si, after the formula was accepted by
Mondolfo.124 The a'-phase has a hexagonal symmetry and was reported earlier with
slight variations in stoichiometry such as Alu.gFesSiu127 (or Al7.86Fe2Si1.13) and Als-
84Fe2Si1.06-1.33-45 In the present work, the chemical composition of this phase was 29.48-
30.75 wt% Fe and 6.71-9.34 wt% Si, exhibiting a larger range of homogeneity in silicon
than in iron. The corresponding formula is expressed as Al8.1-9.1Fe2Sio.87-1.25, covering a


























Figure 42 Chemical composition diagram of the observed phases showing their
ranges of homogeneity.
The second type of the script-like a-phase has a lower iron content, between
23.88 and 26.79 wt%, a silicon content lying between 6.87 and 8.38 wt%, and a chemical
formula of Al10.42-11.67Fe2Si1.08-1.25, which may be accepted as corresponding to the a-
phase (cubic crystal structure), the av-phase with a monoclinic symmetry,128 or the a"-
phase with a tetragonal symmetry, since all three phases have a very close composition
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range. Regardless of the crystal symmetry of the phase, it displays a range of
homogeneity in both its iron and silicon contents.
The P-AlFeSi phase has a range of homogeneity, as well (Figure 42), expressed
by the formula Al4.25-4.98FeSio.98-1.14- Almost all of the P-phase particles investigated in
our study had iron contents ranging between 26 and 27 wt%, and silicon between 13 and
15 wt%. This was the case for the ternary phases. Among the binary Al-Fe phases, it
appeared that AlJFe had a small range of homogeneity, as seen from the formulae
Al4.25Fe (in alloy 5) and ALjFe (in alloy 1). The AlôFe is most likely a "point phase" as
defined by Ferro and Saccone,129 i.e., a stoichiometric phase.
It should be mentioned here that the number of particles corresponding to other
phases that were observed in the present work was insufficient to calculate their ranges of
homogeneity.
4.2.5. Silicon in Binary Phases
All the binary Al-Fe phases observed in this study contained silicon levels
between 1.48 and 1.76 wt%. The silicon is most probably dissolved in the solid solution
of these phases. Figure 43 shows maps of the iron and silicon distributions taken from the
polished surfaces of the graphite mold cast samples corresponding to alloys 1 and 5.
Alloy 1 contained only AUFe, AlôFe and AlxFe phases. These phases are seen to contain
the highest iron levels in the field. In addition, it is obvious that all phase particles contain
higher silicon levels than the matrix. This observation supports the WDS analysis shown
in Table 11. Although the binary Al-Fe particles in alloy 5 are similar to those seen in
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alloy 1, the microstructure of alloy 5 also displayed oc-AlFeSi phase particles that
possessed a higher silicon content than the binary phases and the matrix (see arrows).
4.2.6. Microsegregation of Iron and Silicon During Solidification
Microsegregation is an inevitable result of solidification. As long as the partition
coefficient of the solute atoms in the alloy is equal to a value other than unity,
microsegregation will result. The equilibrium partition coefficients of Si and Fe in
aluminum are 0.14 and 0.022, respectively. In addition, these were confirmed to be
almost constant in the temperature range of 570°-620 °C in alloy 356.130 Thus, successive
enrichment of the liquid phase in these elements is expected to occur during crystal
growth.
The iron and silicon contents measured in the matrix are listed in Table 12. The
iron concentration in the matrices of alloys 3 and 4 obtained at high cooling rate reached
its solubility limit in aluminum, which is 0.05%. In alloy 5, however, this value doubled
to 0.103 wt% Fe in the matrix (at high cooling rate). At the same time, the Si content
increased sharply to 0.6 wt%, a value much higher than those determined in alloys 3 and
4. In contrast, the iron level in the matrix of alloy 5 decreased to 0.043 wt% (lower than
the solubility limit) at slow cooling rate. It can also be seen from Table 12 that, in alloy 6,
silicon builds up to 1.43 wt% in the matrix, a value that is close to its solubility limit in
aluminum (1.6 wt% at 577 °C).131
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Figure 43 Maps of Fe and Si element distributions observed in the microstructures of
(a,b) alloy 1 and (c,d) alloy 5 samples obtained from graphite mold castings
(-0.2 °C/s). Arrows in(d) delineate the presence of a-AlFeSi ternary phase.
The behavior of iron and silicon in the aluminum matrix and the formation of Fe-
and Si-rich phases can be explained using the theory of solidification and the available
diffusion data. The diffusion coefficients of silicon and iron in aluminum were
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determined by extrapolation of the diffusion coefficient-temperature diagram compiled
by Hatch.39 It can be observed from this diagram that the diffusion coefficient of silicon
in aluminum is much higher than that of iron in aluminum (about 104 times higher, in the
temperature range 500 - 650 °C). At 650 °C, the diffusion coefficients are 10'7 cm2/s and
10"11 cm2/s for silicon and iron, respectively. In addition, the diffusion coefficient of
silicon in aluminum is also higher than that of aluminum (the self-diffusion coefficient).
In other words, the diffusion of silicon in aluminum takes place much more easily than
that of iron.

























Diffusion during the process of crystal growth plays an important role. It affects,
in part, the solute redistribution between solid and liquid, causing the production of a
microsegregated structure. The well-known nonequilibrium lever rule or Scheil equation
is usually used to describe solute redistribution in crystal growth processes. The Scheil
concept supposes no solid diffusion and complete liquid diffusion. Applying the Scheil
equation, calculations tracing the liquid composition as a function of solid fraction
(solidification paths) were made. In these calculations, it was assumed that (i) there is no
chemical interference between iron and silicon before they start to form intermetallic
particles, and (ii) there is no physical interaction that can affect the solubility of either
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Figure 44 (a) Solidification paths for alloys 1, 4 and 6 according to the Scheil
equation compared with the actual paths, (b) Solidification paths for
alloys 2, 3 and 5 according to the Scheil equation compared with the
actual paths. The squares marked 1, 2, 3, 4, 5 and 6 denote the
respective alloy compositions.
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As can be seen from the figure, the Scheil equation gives a poor estimation with
regard to iron segregation. It overestimates the iron segregation to the liquid phase,
leading to wrong estimations of the solidification sequence. Consequently, the
segregation paths for five out of the six alloys are seen to intersect with the boundary line
of the binary A^Fe phase, suggesting the formation of binary Al-Fe phases. Actually,
only alloys 1 and 5 were observed to contain binary phases in their microstructures, as
confirmed by the thermal analysis and element distribution mappings that were carried
out for these alloys.
The precipitation behavior in the case of the other alloys (2, 3 and 4) was also
quite different from that expected from Scheil approximation. In the case of alloy 6, the
Scheil segregation path intersected with the boundary line of fi-AlFeSi, thus estimating
the formation of the (3 phase first. To the contrary, and according to the actual sequence,
the formation of the binary Al-Si eutectic took place before the precipitation of the |3-
phase.
The assumption made by the Scheil equation that no solid diffusion takes place
essentially implies that the calculations are made without taking into consideration any
diffusion parameters. Considering the point that no use of the fact that silicon diffuses
much more easily in aluminum than iron is made, would explain in general why the
actual solidification paths deviate from the Scheil approximations for almost all of the
alloys in this study.
In view of these results, trials to calculate solidification paths to account for the
departures from the Scheil behavior were made according to the models of Brody and
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Flemings132 and Clyne and Kurz133. The first model assumes that the concentration
gradient in the solid is constant, while the second one assumes that the concentration
gradient in the solid at the end of solidification is very high and, therefore, the driving
force for diffusion is also considerably high.
According to Brody and Flemings,132 the extent of back diffusion taking place in
the solid phase during solidification depends on a dimensionless parameter a (given by a
= DS/RL),21'132 where Ds is the solid-diffusion coefficient at the melting point, R (given
by L/tf) is the local interface velocity, L is half of the dendrite arm spacing and tf is the
local solidification time in the unit volume. The value of tf is not known, so we assume
the velocity of the interface R by dividing the radius of the sample by the solidification
time, which gives R= 3 cm/ 300 seconds = 10"2 cm/s. The average dendrite arm spacing
is about 100 microns in our alloys (L = 100/2 = 50 microns).
This parameter, a, can be regarded as describing the ratio of the diffusion
boundary layer in the solid to the size of the unit volume, L. The larger the value of a, the




where, k is the partition coefficient, fs is the solid fraction, CL is the liquid composition,
Co is the initial composition of the alloy. Substituting the corresponding values of Ds and
k, taking R = 10"2cm/s and L = 50 microns, results in a values of 2 x 10"7 and 2 x 10"3 for
iron and silicon, respectively. The very small values of the parameter a indicate that solid
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diffusion (back diffusion) of silicon and iron are negligible according to this model, since
the value of (1 + aK) in equation (1) is still equal to unity for both Fe and Si.
Clyne and Kurz133 approached back diffusion through a spline-smoothing
function a', given by:68'133
a'=a(l-exp(-I))-Iexp(-^) (32)
This function introduces the effect of back diffusion when a' replaces a in the
segregation equation:
C^Co(l-(l-2a^)/sr) /(1-2^ (33)
Substituting our values for the parameters in this relation leads to the Scheil
behavior, as the a' values are reduced to a values for both of iron and silicon. Thus, both
of these models essentially revert to the Scheil behavior, as they give much less weight to
the effect of solid diffusion. In addition, the low solid-state diffusivities of iron and
silicon also play a role. These diffusivities are low because of the substitutional nature of
the diffusion of iron and silicon in aluminum (atomic radii of iron and silicon are close to
that of aluminum, 1.72,1.46, and 1.82 Â, respectively.)
Although the theoretical models of Brody and Flemings and Clyne and Kurz
cannot account for the deviation from Scheil behavior observed in our study, the
experimental results of Potard et a/.134 support our proposal that these theoretical models
give less weight to the effect of solid state back-diffusion than they should. Potard et
a/.134 based on their work, reported that impurity distribution in aluminum (including
iron) is influenced by its speed of diffusion in the solid phase. They also reported that
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iron diffusion is very difficult and that the diffusion coefficient is independent of the Fe
concentration.
The departure from the Scheil equation also arises from the assumption that there
is no interaction or interference between the diffusing species, so considered for
simplifying calculation of the solidification paths. Mondolfo124 stated that iron does not
appreciably affect the diffusion of other metals in aluminum, hi contrast to the effect of
iron, the activation energy for the diffusion of iron dissolved in aluminum is lowered by
silicon: from a value of 1.65 eV for a pure Al-Fe alloy to a value of 1.35 eV with an
addition of 0.12% Si. Miki and Warlimont135 reported that silicon increases the A^Fe
precipitation rate by lowering the activation energy for iron diffusion in solid aluminum.
These data124'135 show that the diffusion of silicon is not affected by the presence
of iron, whereas the diffusion of iron requires less energy and, therefore, becomes easier,
in the presence of silicon. Consequently, the easier diffusion of iron in the solid phase in
the presence of silicon would result in a more even distribution of the iron by lowering
the concentration gradient in the solid close to the solid/liquid (S/L) interface. This, in
turn, would lead to a lower iron concentration on the solid side of the S/L interface.
According to the theory of solidification which postulates equilibrium at the S/L
interface, this would necessitate a lower iron concentration on the liquid side of the
interface, leading to less iron build-up in the liquid phase. If local equilibrium at the S/L
interface does not persist, constitutional supercooling of the liquid in front of the interface
will result, as is the case in dendritic growth.
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hi dendritic growth, the prediction of the Scheil equation concerning
microsegregation will not be exactly correct,136 since the assumption of complete mixing
in the liquid phase is not valid, as complete homogeneity in the liquid cannot be attained.
The diffusion analysis carried out by Allen and Hunt,136 however, suggests that the
deviations from Scheil behavior may often be negligible except at high growth rates.
Thus, the formation of a solute-rich layer in the liquid would not be noticeable, since
either Scheil (complete mixing in the liquid) or near-Scheil conditions (negligible effect
of incomplete mixing in the liquid as encountered in dendritic growth)136 would persist
throughout solidification. The condition of equilibrium (planar or cellular interface) or
near-equilibrium (dendritic growth) at the S/L interface coupled with the enhanced
diffusion of iron in the solid phase would result in lower iron segregation to the liquid,
which would explain the departure of the actual solidification paths from the Scheil
approximation shown in Figure 44. A schematic representation of these arguments is
depicted in Figure 45.
So far, we have discussed the situation when low cooling rates (which lead to
slow growth rates) are dominant and have explained the departure from Scheil behavior
that is observed in such cases. Now we shall consider what happens when high cooling
rates are dominant, which are found to lead to the formation of Si-rich phases.
At fast growth rates, substantial departures from equilibrium at the S/L interface
exist, so that solute concentrations far in excess of the equilibrium solid solubility limit
are attained. This phenomenon rules out local equilibrium and the idea that major and
minor components act independently at the interface during rapid solidification.137
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Furthermore, Aziz137 has demonstrated that the transition from equilibrium solidification
to complete solute trapping occurs as the velocity of the S/L interface surpasses the
diffusion speed of solute in the liquid. Alloys 3 and 4 have the same iron content (0.55
wt%), and on account of their short solidification times (5.8 s and 3.9 s, respectively),
when solidified in the 1-inch diameter metallic mold, both of them achieve the same high
iron level in the matrix (~0.05 wt%) which corresponds to the limit of solid solubility.
The amount of the entrapped element depends on the alloy content, as is clear from Table
12, which indicates that more iron was entrapped in alloy 5 than in alloys 3 or 4. The
entrapped silicon content in the matrix is relatively lower than that of iron, when
considering their solid solubilities and the alloy compositions. In alloy 6, which contains
6.3 % Si, the matrix contains 1.43 % Si after rapid cooling. This can also be attributed to
the higher diffusion coefficient of silicon in aluminum than that of iron.
ncomplete mixing in liquid
complete mixing in liquid
+ effect of interaction between Fe and S
+ effect of solid state back-diffusion Scheil + no interaction between Fe + Si
Scheil + no interaction
between Fe and Si
Distance from S/L interface
Figure 45 Schematic diagram showing the effect of Fe-Si interaction on the iron
distribution between solid and liquid alloy regions.
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Silicon solubility in aluminum is reduced with the increase in cooling rate.124 As a
result, the stability of phases changes. Thus, the reduced silicon solubility, coupled with
the relatively small Si content entrapped in the solid phase at high cooling rates, can
explain the formation of Si-rich phases such as the ô-phase in alloys that lie far outside
the boundary of the ô phase region in the equilibrium phase diagram. In addition to the 8-
phase, the alloy microstructures observed at high cooling rates were also characterized by
the disappearance of the Al-Fe binary phases and the presence of ternary phases. Also,
the high level of silicon content entrapped in alloy 5 matrix and, thereby, the depletion of
Si in the liquid explains why the 8-phase was not observed in this alloy. On the other
hand, at slow cooling rates, apart from the iron and silicon retained in the matrix (0.28
wt% and 0.043 wt%, respectively), the relatively high-Fe and low-Si contents of this
alloy available in the interdendritic regions resulted in the formation of Fe-rich phases
like binary Al-Fe phases or high-Fe ternary Al-Fe-Si phases such as the oc-AlFeSi phase.
In contrast to the supersaturation of iron in aluminum (alloy 5), due to the high diffusion
coefficient of silicon in aluminum, silicon supersaturation of the matrix did not occur,
even at high cooling rates and in the high-Si containing alloys (viz., 6.3 wt% in alloy 6).
4.2.7. Phase Diagram Adjustment
The isothermal section of the ternary phase diagram of Al-Si-Fe at 500°C
according to Philips47 is shown in Figure 46. The 500 °C section is revised here since all
the reactions that take place during the solidification of our alloys end at temperatures
higher than 500 °C. The positions of the six experimental alloys of our study are marked
on the diagram. Comparing these positions with the diagram predictions, it is evident that
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the Philips diagram cannot be used to predict the phases observed in alloys 1, 2, 3, 4, and
5 after solidification at slow cooling rates (~0.2 °C/s, graphite mold). Similar
observations were previously reported by Dons.45
I+OC+f
AI AI 0 . 5 1.0 AI+SI 1.9 2.0
Figure 46 Positions of the experimental alloys (1 to 6) on the 500 °C isothermal
section for the Al-corner of the Al-Si-Fe system.
An adjustment to the Philips isothermal section is proposed in Figure 47, where
the phase boundaries have been shifted to the higher silicon side so as to conform to our
experimental observations. The phase relations that appear in Figure 47 must be
considered an approximation for the structure of the alloys after non-equilibrium cooling
conditions. Thus, the diagram is termed "metastable section at the solidus temperature".
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Si
Figure 47 Metastable section at the solidus temperature for the Al-corner of the Al-
Si-Fe system. The black squares denote the alloy compositions.
The phase boundary for silicon formation (see the dashed line between Al+P and
Al+P+Si fields), however, has been plotted according to the isothermal phase projections
published in the ASM Specialty Handbook.131 These adjustments allow correct phase
predictions for all the alloys without exception, hi comparison, while the new
adjustments respect the sequence of phase fields given in the Philips diagram, each field
now exists in a higher silicon range.
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Figure 48 Schematic diagram showing the intermetallic phases observed in the
alloys studied, obtained at high cooling rate (10-15 °C/s, metallic mold).
Figure 48 summarizes the intermetallic phases that were observed after
solidification in the metallic mold (i.e., at high cooling rate). It is clear that the 8-AlFeSi
phase was the phase most frequently identified in the microstructures of these alloys, and
became the dominant phase at high silicon contents. The oc-AlFeSi phase was
encountered in alloys containing relatively high iron and medium silicon levels (viz.,
alloys with a relatively higher iron content compared to silicon), whereas the P-AlFeSi
phase precipitated in the lowest iron content alloys (i.e., in alloys whose Si levels were
relatively higher than their Fe levels).
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4.3. Summary
Optical microscopy, quantitative metallography, scanning electron microscopy,
thermal analysis, micro-probe analysis and wave length dispersive x-ray spectroscopy
were used to the study the iron intermetallic phases observed in six experimental dilute
aluminum alloys at slow (0.16-0.21 °C/s, graphite mold) and high (10-15 °C/s, metallic
mold) cooling rates. The volume fraction of iron intermetallic phases is higher in the
former (slowly cooled samples) than the latter case. In both cases the volume fraction
increases as the alloying content of iron and silicon increases. However, the iron content
is more effective in producing intermetallics than the Si or Fe + Si contents. The density
of iron intermetallics is also higher at high cooling rates. In contrast, large-sized
intermetallics are obtained at slow cooling rates.
Phase stability changes with cooling rate and alloy composition. Thus, binary Al-
Fe phases form only at slow cooling rates at Fe contents that are higher relative to the Si
content of the alloy. The P-AlFeSi phase dominates at high silicon levels and slow
cooling rate. The oc-AlFeSi phase field exists between the binary Al-Fe phases and the P-
phase. Rapid cooling stabilizes silicon-rich ternary phases such as the ô-phase and
diminishes the binary ones since rapid cooling decreases the solubility of silicon in liquid
aluminum and causes entrapment of iron in solid. The 5-AlFeSi phase is the dominating
phase at 0.9wt % silicon levels and higher.
Solidification paths representing the segregation of iron and silicon to the liquid
were calculated using the Scheil equation. The actual solidification paths did not conform
to Scheil behavior, as less iron was observed to have actually segregated to the liquid
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than that estimated by the Scheil equation. The reason for this overestimation (of iron
content in the liquid) is that the Scheil equation postulates that there is no solid diffusion.
Similarly, the theoretical models of Brody and Flemings132 and Clyne and Kurz133 cannot
explain the departure from Scheil behavior as they give much less weight to solid state
back-diffusion. It has been shown qualitatively that the interaction between iron and
silicon (which facilitates the diffusion of iron in solid aluminum), together with the
suggested role of more effective solid diffusion could account for the departure from
Scheil behavior.
An adjusted 500 °C metastable isothermal section of the Al-Si-Fe phase diagram
has been proposed. The adjustments were made to the published equilibrium section in
order to correctly predict the phases that are observed in this part of the system at slow
cooling rates (0.2 °C/s).
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5.1. Introduction
It is well established that a large variety of inclusions are present in small quantities
in commercial aluminum and aluminum alloys. The common types of inclusions in
aluminum are: oxides, carbides, bondes, nitrides, chlorides, and fluorides.76'77'78'79 In
addition, in aluminum matrix composites, reinforcing phases (particulates or fibers) such as
AI2O3, graphite, mica, S1O2, zircon, MgO, sand, TiC, ZrO2, TiC^ and lead are commonly
used, to provide different characteristics to the composite properties. ' '
These inclusions and dispersed particles play an important and indispensable role in
facilitating the crystal nucleation process of the matrix phase and other primary phases,
since the high-energy crystal-liquid interface is partly replaced by an area of low-energy
crystal-inclusion interface.68 Several observations have confirmed the nucleation of
different phases on the surface of inclusions. For example, carbon, alumina and silicon
carbide particles were shown to be preferential nucleation sites for the primary silicon
particles in Al-Si alloys.84 It was also observed that certain inclusions act as potential
nucleation sites for some iron-bearing phases.10 Other authors19 reported that the addition of
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grain refiner to dilute Al-Fe-Si alloys increased the presence of the 0-Ali3Fe4 phase with
respect to the AlôFe phase in the solidified microstructure. More recently, it was found that
in casting practice, if pushed to solute rich interdendritic regions, boride particles could
nucleate intermetallics with a well-defined orientation relationship.85 Porosity was also
observed to nucleate heterogeneously on the surface of solid particles.20'138'139'140'141
Considering how inclusions (or dispersed particles) can affect the structure of engineering
alloys, systematic studies of their role during solidification have to be carried out, in order
to rule out the possibility of generalization. Such generalizations usually result from single
observations and may lead to incorrect conclusions.
To conduct these systematic studies, the solid particles must be introduced into the
molten alloys. A suitable technique that allows the introduction of different particles
irrespective of their wettability and chemical reactivity must be used. In addition, the
incorporation of undesirable surface oxides or gas bubbles has to be minimized, or even
avoided, if possible. Among the different techniques of introducing particles in a
meltji42)i43,I44)i45,i46,i47).48)i49,i50 t h e g a s i n j e c t i o n technique151 '152 '153 '154 '155 is the only one
that can avoid cluster formation and surface oxidation of the particles and still satisfy the
aforementioned objectives.87
The purpose of the work described in this chapter is to develop an analysis of such a
gas injection system which promotes the incorporation of relatively small solid particles (2
- 100-[xm sized particles) into alloy melts having a high interfacial tension, even at low
wettabilities, with particular emphasis on the influence of system parameters on the
injection velocity. Such work is believed to be of practical and fundamental importance.
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From the practical point of view, the general understanding of the injection process should
aid in the design of these systems which have clear benefits in studies directed to
understanding how inclusions affect the microstructure. From the fundamental standpoint,
the current work extends previous works by addressing the role played by the kinetic
energy supplied to particles and the drag energy the liquid exerts on particles during their
entry to the liquid.
5.2. Analysis of the Gas Injection Process
5.2.1. Physical Properties of Aluminum Alloys
The aim of this chapter is to analyze and discuss some of the features characterizing
the introduction of the inclusion powders into liquid aluminum alloys via an inert gas
(argon). The physical properties of liquid aluminum alloys such as density, surface tension
and viscosity are of considerable importance in this discussion. For this reason, these
properties were determined as accurately as possible from the available literature.
5.2.1.1. Density of Aluminum Alloys
The density of liquid aluminum decreases with an increase in melt temperature.
According to the data given by Mondolfo, 24 the density of liquid aluminum is 2.37 g/cm3
at 750°C (i.e., the processing temperature for injection). However, the value of 2.36 g/cm3
was calculated from the following relation:156
pL = 2.385 - 0.00028 x (t - 660) (34)
where pjj= the density of aluminum in g/cm3 at the temperature t, °C.
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The effect of alloying elements (only Fe and Si in the present case) is found to be
+0.07% and -0.01% for additions of 0.1 wt% Fe and 0.1 wt% Si, respectively.124
Accordingly, the densities of the six experimental alloys studied lie between 2.36 and 2.38
g/cm3 at 750 °C. The arithmetic mean value of the six densities is 2.37 g/cm3, which is the
value used in the following analysis.
5.2.1.2. Viscosity of Aluminum Alloys
Two different empirical relations can be used to calculate the viscosity of liquid




where JO.L is the viscosity in mNs/m2 in equation 35 and in poise in equation 36, and T is the
melt temperature in degrees Kelvin. Values of 1.04 x 10"2 poise and 2.10 x 10'3 poise were
obtained at 750 °C from equation 35 and equation 36, respectively. Equation 36 predicts
much lower viscosities since it was developed for the viscosity of a very pure alloy
specimen (zone refined specimen). The value of 1.04 x 10"2 poise was considered in the
following analysis. Although iron increases the viscosity of aluminum whereas silicon
decreases it, their effects were not introduced in the viscosity value because no accurate
quantitative data was available from the literature.
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5.2.1.3. Surface Tension of Aluminum Alloys
The surface tension of liquid aluminum was interpolated from a diagram in Ref
(131) showing the effect of various elements on the surface tension of 99.99% Al in argon
at 740 °C. A value of 850 dynes/cm was found as the mean value for the surface tension of
our alloy compositions. However, the empirical relation:156
JLG =914 - 0.35 x(f°C-660) (37)
gives a value of 882.5 dynes/cm, since the effects of alloying additions of Fe and Si were
not introduced. Surface tension is very sensitive to impurities and atmospheres, and this
explains the widely contrasting experimental values reported. Generally, additions that
have a lower surface tension reduce the surface tension of aluminum, but ones that have a
higher surface tension do not affect the latter appreciably. This is consistent with the Gibbs
rule that additions which reduce surface tension segregate to the surface.124
5.2.2. The Gas Injection Process
A complete analysis of the gas injection technique is provided in the following
sections. The following points are thoroughly analyzed:
(1) The fluidization of solid particles;
(2) The argon bubbles: their sizes, terminal velocities and residence times in the
aluminum bath;
(3) The energetics of inclusion transfer from gas to liquid;
(4) The effect of external kinetic energy; and
(5) The addition levels and the system efficiency.
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5.2.2.1. Fluidization of Solid Particles
Proper preparation of the inclusion powders in the fluidizer tube before injection is
vital for high recovery in the aluminum melt. The fluidization of a bed of solid particles is
carried out to achieve certain goals. During the preheating period, fluidization without
carryover of particles is used for the purpose of:
(1) drying the bed of particles,
(2) dividing solid particle lumps into finely separated particles, and
(3) heating and maintaining a uniform temperature within the bed.
Low gas velocities are usually used at this stage. The lifting effect of the gas is slight
and the system behaves like a well-stirred boiling liquid. The minimum fluidization
velocity, Umf, is calculated by means of the simplified equation:117
(38)mf
 1 6 5 0 ^
where, Umf is the minimum fluidization velocity, dp is the average particle size, g is the
gravitational acceleration, pp is the particle density, pG is the gas density and \XG is the gas
viscosity.
Fluidization will be initiated when the pressure drop across the bed is equal to the
pressure exerted by the weight of particles on the cross-sectional area of the fluidizer
tube.157 The particles then become rearranged so as to offer less resistance to gas flow and
the bed expands. At even higher velocities, the particles become freely suspended in the gas
stream. For steady state fluidization, less than one-third of the fluidizer tube should be
filled with powder.87 Otherwise, in deeper beds, when the upper surface of the expanding
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bed reaches the joint between the fluidizer and the carrier tubes (see Figure 24), the path of
the gas can be blocked before uniform fluidization is initiated.
At the injection stage, fluidization with carryover of particles comes into play {i.e.,
pneumatic transport of particles). Higher flow rates are used to increase the lifting power of
the gas. The mass transfer depends on the depth of the bed and the gas flow pattern. Deep
beds can result in low transfer rates since equilibrium can be attained before the gas reaches
the upper surface of the bed.157
The lower limit of gas velocities in the fluidized bed is determined by the elutriation
velocities of various particle sizes (assumed as spheres here for simplicity) contained in the
bed. The elutriation velocity is assumed to be the terminal free-fall velocity, ut, of the
particles, and is calculated using a dimensionless particle size, dp, a dimensionless
terminal velocity of particles, u*, and the terminal velocity of particles, ut. These useful









The set of equations from 38 to 41 can be used as a guide to carry out controllable
fluidization processes. For example, the fluidization parameters (gas velocities, flow rates)
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for different solids/beds according to these equations are calculated and listed in Table 13.
It can be seen that the minimum fluidization velocity is generally very low and the ratio of
Ut/Umf is high enough (73 to 91) to allow the use of moderately high operating velocities
during the preheating stage. The general rule to avoid or reduce the carryover of particles
from the fluidized bed is to keep the gas velocity between Umf and ut. In calculating Umf, it is
advised to use the mean diameter dp for the size distribution actually present in the bed,
whereas for ut the smallest size of solids present in appreciable quantities in the bed is
157
used.





















































Fluidization is assumed to be carried out at uniform temperature (500°C), and therefore, argon properties are
pG = 0.00063 g/cm3 and \iG = 0.0007 g/cm-s.
QG is the gas flow rate.
The elutriation velocity, ut, for hypothetical large particles such as 200 um-sized a-
AI2O3 particles is very high, 102.3 cm/s (see Table 13). To reach this velocity using the
current fluidizer tube (diameter of 4.5 cm), the gas flow rate should be 1627 craVs, which is
extremely high and would severely destabilize the liquid metal during injection.
Consequently, such large particles cannot be introduced into the liquid metal using the
current injection system. Other techniques such as the vortex technique147'149'150 may be
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more suitable for large particles. Therefore, it should be understood that the dimensions of
the injection system put certain limits on its usability.
To facilitate the calculation of the minimum gas flow rate required for the transport
of particles from the fluidizer tube, a chart based on a fluidizer tube of cross-sectional area
of 1 cm2 as shown in Figure 49 is employed. The chart is created using the method of
Haider and Levenspiel158 developed for the calculation of ut. To calculate the flow rate
required for the elutriation of a certain powder, one must first calculate the dimensionless
particle size, d*p, from equation 39, then use the chart in Figure 49 to determine the
elutriation flow rate, QG, by matching or interpolating the particle density with the plotted
curves. Multiplying the gas flow rate by the cross-sectional area of the fluidizer tube will
give the required quantity.
As mentioned earlier, during the injection stage the operating velocity should be
higher than ut. However, a suitable design for the fluidizer tube should be considered, that
will be capable of providing high enough gas velocity for the pneumatic transport of
particles, and at the same time large enough to exceed the minimum injection velocity
without the use of excessive flow rates, which can result in lowering the percentage of
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Figure 49 Chart for determining the min. gas flow rate required for pneumatic
transport of particles from the fluidizer tube (for the particle sizes and
densities of interest in the present study). The chart is drawn for high
temperature fluidization (500 °C) using the argon as a carrier gas, (after
Haider and Levenspiel158).
168
5.2.2.2. Argon Bubble Size
Since the argon is injected via a quartz nozzle, the argon bubble size can be
estimated based on two simple equations. The first is:94'117
^ b ( L G) j w , for ReG< 500 (42)
o
and the second is:159
db=0.54{QGd°oT9 (43)
where db is the diameter of the bubble, g in the gravitational acceleration, do is the internal
diameter of the orifice (tip of the nozzle), PL is the density of the liquid, po is the density of
the gas in the bubble, YLG is the surface tension of the liquid, R^ i s the Reynolds number of
the gas at the orifice, and QQ is the gas flow rate. Both of these equations were developed
empirically for bubble sizes during gas injection in stationary liquids. Therefore, the use of
these equations is expected to result in calculated bubble sizes which are larger than the
actual size, if applied to non-stationary liquids.
At 750 °C, the mean density of the aluminum melts used in this study is 2.370 g/cm3
and the surface tension is 850 dynes/cm. The total gas flow rate was usually kept between
10 and 25 ft3/hr (80 and 200 cm3/s). However, the value of 10 ft3/hr is adopted for the
calculations (it is equivalent to 4.8 1/min. or 80 cm3/s). The orifice diameter is 0.2 cm.
Equation 42 gives the bubble diameter as 3.53 cm, whereas equation 43 gives a bubble
diameter of 1.52 cm. We took the bubble size to be 1.52 cm and neglected the value of 3.53
cm since no accurate physical properties for argon are available at 750 °C and hence ReG
cannot be calculated. The volume of one bubble is, then, 1.84 cm3 at the standard
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conditions of temperature and pressure (the effect of metallostatic pressure on the bubble
was not introduced here for the sake of simplicity, as it varies depending on the depth of the
bubble at different points of its path through the metal bath). If we assume that the bubble
is completely heated to the melt temperature (750 °C) on emerging from the orifice, its
volume would be 6.31 cm3 and its diameter would be 2.29 cm. Thus, the flow rate of 80
cm3/s under standard conditions should become 274.3 cmVs inside the melt, as a result of
gas expansion. Then, the number of bubbles liberated in the melt per second is 43, with a
total surface area of 177 cm2.
Assuming 1 cm of 10- i^m particle size powder with a true density of 3 g/cm , the
powder particles can cover a projected area of 0.15 m2 or 1500 cm2. About 90 g (or -30
cm3) of powder are used for injection in every experiment. Knowing that the total time of
injection is 90 min, inclusions with a total projected area of 8.5 cm are encapsulated every
second in the argon bubbles. If we assume that the powder particles do not stick together
and they evenly cover the internal surface of the bubble, approximately 5% of the bubble
surface area is covered with inclusions. This value gives an estimation of the amount of
particles injected relative to the gas flow rate, and thus, is a good measure of the efficiency
of the injection process. As only half of the charged powders were usually injected during
experiments, the percentage of the particle-covered bubble surface is actually much lower
than 5%. The very low percentage of bubble-surface-occupation by inclusions shows the
low efficiency of the current inclusion addition system, and is the reason for use of a
prolonged injection time (~ 90 min).
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5.2.2.3. Terminal Velocity and Residence Time of Argon Bubbles
The terminal velocity (steady state velocity) of a bubble in a liquid is a classical
problem of fluid dynamics. Using Stokes' law, the terminal velocity of the bubble (Vt) is




Knowing that the argon density is 0.000511 g/cm3 at 750 °C (calculated using the
ideal gases law), and applying the parameter values of aluminum, a parametric curve
(dependent on the bubble diameter) was drawn for the terminal velocity of argon bubbles.
The head of liquid metal is about 11 cm above the orifice (see Figure 25). If we assume that
the bubble travels directly in a straight line from the orifice to the surface, the minimum
residence time of the bubble can then be calculated. Figure 50 shows these parametric
curves. It can be seen that an argon bubble of 2.3 cm diameter (corresponding to the size of
bubbles at 750 °C, as calculated previously) has a terminal velocity of about 660 cm/s and
accordingly will rest 0.017 s in the melt before escaping to the atmosphere, whereas a
bubble of 0.23 cm diameter should travel at a speed of 6.6 cm/s and thus stay about 1.7 s in
the melt. The longer the residence time of the bubble in the melt, the greater the probability
that the molten aluminum will wet the suspended inclusions, since the time factor enhances
the wettability between solid particles and molten metal.161'162 Conditions of vigorous
stirring provide longer residence times, and consequently, play a role in the process of
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Figure 50 Residence time and terminal velocity of argon bubbles in aluminum bath
of 11 cm depth kept at 750 °C.
5.2.2.4. Energetics of Inclusion Transfer from Gas to Liquid
The introduction of inclusion particles into metals and alloys includes three major
stages: (1) the transfer of the solid particles from gas to liquid, (2) interaction of particles
with the liquid and particle-particle interactions, and (3) the transfer of particles from liquid
to solid. The magnitude of forces involved in the first and third stages is related to the
wetting characteristics of the solid particles by the liquid metal. During the second stage,
particles may develop a bonding with the liquid phase and/or agglomerate. The
agglomeration kinetics for particles in a liquid are mainly affected by the nature of
inclusions (i.e., sticking coefficients) and the nature of the liquid flow during alloy
processing (i.e., the presence of flow separation regions).175
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5.2.2.4.1. Theoretical Models
In order to predict particle transfer behavior during gas-to-liquid transfer,
approximate thermodynamic and kinetic models have been proposed. The engulfment of
particles by an electromagnetic stirred melt was studied by Ilegbusi and Szekely.88 The
balance among surface forces, the force of gravity, and the drag force exerted on the
particles was established; hence, the melt velocity was estimated based on the system
variables. The Neumann's89 thermodynamic approach ignores the effect of buoyancy forces
acting on the particle. According to this model, the total free energy change involved in the
transfer of a particle from gas to liquid must be negative for spontaneous transfer. In
comparison, the work of Rohatgi and coworkers90'9 is more exact as it takes into account
the buoyancy forces. The spontaneity of particle transfer can be predicted from an analysis
of the energy path involved.
According to Rohatgi et al.,91 the total thermodynamic force for isothermal
introduction of particles in the melt is given by the change in free energy (AEj), which
comprises the surface energy (AEs), buoyancy energy (AEB), and potential energy (AEp):
AEr=AEs+AEB+ AEP (45)
The following theoretical analysis of particle transfer across the gas-liquid interface
is carried out based on this model,91 taking into consideration the assumptions that all
inclusions are spherical particles, the surface of particle is smooth and homogeneous and
the contact angle is constant. The first assumption leads to a minimization of the surface
energy factor since the sphere has the minimum surface area to volume ratio amongst all
regular and irregular solid bodies. In addition, the melt is assumed stationary, i.e., the drag
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force resulting from the liquid motion was not introduced into the total balance of forces
acting on the particle, since the calculation of the liquid velocity (magnitude and direction)
in the current mechanical stirring system may be quite difficult.88
For a spherical particle, the energy components (in equation 45) can be written as:
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where, GO is the immersion angle which represents the path of immersion (co = 180° for
complete immersion), r is the particle radius, YLG is the liquid surface tension, 0 is the
wetting (contact) angle, pL is the liquid density, and pp is the particle density. Some of
these terms are defined in Figure 51.
The wetting angle,161 particle size and inclusion density for different
inclusion/aluminum systems are listed in Table 14. The total energy required for particle
transfer from gas to liquid aluminum alloy is calculated for several particles, namely, a-
AI2O3, SiC, TiC, and TiE$2 following the above model.91 hi addition to the actual particle
sizes, calculations were carried out for a hypothetical 200-[4,m CX-AI2O3 particle in order to
evaluate the effect of particle size since the particle size has a significant effect on both the
buoyancy and potential energies due to the "r4" term that appears in equations 47 and 48.
The total energy changes obtained for the different systems as a function of the immersion
angle © are shown in Figure 52.
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Gas
Figure 51 Immersional wetting of spherical particles. The definition of the wetting
angle (0) and the immersion angle (œ) are shown in (a), the effect of
wetting angle on the immersion angle are shown in (b) for high wetting
angle (0 > 90°) and (c) for low wetting angle (0 < 90°), for a light particle in
equilibrium condition (in the absence of external kinetic energy).



























































1 torr equals 1/760 atmospheric pressure.
As can be seen, all AET VS. © plots showed minima in AET for almost all the
systems. The immersion angles corresponding to the minima in AEj characterize the state
of particles on the surface of the liquid and indicate that, at equilibrium conditions, the
particle is partly immersed (valid for both wetting and nonwetting systems). For spherical
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particles, the characterizing immersion angle is inversely proportional to the wetting angle
as shown in Figure 51.
It is well established that successful entry of solid particles into molten metal
requires that the melt should wet the solid phase, i.e., 0 < 90°. When the particle/melt
system experiences poor wetting (0 > 90°), external forces must by applied to facilitate
particle incorporation. The role of an external force (or energy) is to overcome the energy
barrier opposing particle penetration at the gas-liquid interface. For example, the behavior
of T1B2 particles shows a spontaneous entry into aluminum melts when 0 is 37° (< 90°). On
the other hand, a slight increase in AET has to be overcome for complete immersion (at © =
150 - 180°) when 0 is 98° (> 90°), Figure 52. A better example of the effect of wetting
angle is observed in the case of the SiC particles which have the same size but different
wetting angles due to different melt temperatures. The total energy change sharply
increases when poor wettability conditions prevail, i.e., for a wetting angle of 154° with the
aluminum melt at 900 °C. As a result, an external energy of -0.005 x 10"7 J must be
supplied to overcome the energy barrier for immersion. Spontaneous entry of SiC takes
place when the particles possess good wettability (0 = 40°) with the melt at 1100 °C.
For the nonwetting OC-AI2O3/AI system (0 = 120°) and particle sizes of 20-\im and
200-jj,m, the total energy change is negative for half of the immersion path, co between 0
and 90°, indicating that there is no energy barrier for the immersion of half of the particle.
To complete the immersion of such particles, an external energy should be applied to
enable the entire particle to penetrate the gas-liquid interface. The order of this energy is a
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function of particle size: it is -0.005 x 10"7 J for the 20-}J.m sized particle and ~0.5 x 10~7 J
for the 200-(j,m sized particle. The ratio of the two energies is 1/100 which is equal to the
square of the ratio of their particle sizes. It is obvious that the controlling factor here is the
surface energy since it depends on "r2" (equation 46). For very small particles (TiC
particles of 2 pm size, wetting angle of 148°) a very small energy barrier, 0.0001 x 10'7 J,
has to be overcome for complete immersion (Figure 52 (b)).
From the above analysis using the Rohatgi model,90'91 it can be concluded that finer
particles of nonwetted inclusions can be introduced into the liquid metal much more easily
than large particles.
When the CC-AI2O3 particles undergo some wetting (i.e., 0 = 90°) as a result of melt
superheating, particle incorporation becomes easier, i.e., AET is negative at almost all
values of co, owing to the improved melt-particle wetting (Figure 52 (b)). Russell et al.161
have reported that the wetting angle is a function of liquid temperature. This fact can be
utilized to improve the efficiency of the injection process.
For wetting systems like SiC/Al at 1000°C and TiB2/Al at 900°C with nearly the
same wetting angles (40° and 37°, respectively), the particle size has a considerable effect.
The larger the particle, the easier it transfers to the liquid. The total energy change
(algebraic value) for the immersion of TiB2 (10 (am size) is seen to be higher than that of
SiC (10-20 fxm), at all values of©. Therefore, the entry of SiC particles into the aluminum
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Figure 52 The total energy change for immersion of spherical inclusion particles in
molten aluminum.
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The ratios of the magnitudes of different energy components applying on solid
particles during their transfer from argon to liquid aluminum are plotted in Figure 53 for
two different particles. The magnitudes of AEB/AES, AEp/AEs, and (AEB + AEp)/AEs are
shown as functions of the immersion angle, co, for (a) an OI-AI2O3 particle (200 (am, 9 =
120°), and (b) a SiC particle (15 |^ m, 0 = 40°). The first conclusion that can be drawn from
these plots is that, from the energetics point of view, the interfacial energy is the decisive
factor in the particle immersion process for the range of particle sizes explored in this work,
since AEs » AEB and AEp. In other words, almost all of the total energy barrier for particle
immersion is due to the surface energy factor (AET « AEs). The second conclusion is that
the particle size has a significant effect on the energy component ratios. Larger particles
experience higher magnitudes of AEB and AEp relative to AEs than do smaller ones. Thus,
the ratio of (AEB + AEp)/AEs for a 200-|im sized particle of OC-AI2O3 is in the order of 10"3,
whereas it is 10"6 for the 15-(j.m SiC particle. Consequently, excessively large particles
should have an appreciable magnitude of AEB + AEp that can override the AEs effect.91
So far, the theoretical model of Rohatgi has been used to study the energetics of
solid particle transfer across the argon/aluminum interface. The model evaluates the process
depending on the inherent properties of gas, solid particle and liquid. No external variables,
such as the kinetic energy of particles or the effect of external forces, have been taken into
consideration in the analysis. Consideration of the external forces will enrich the treatment
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Figure 53 Ratios of the magnitude of different energy components that apply on (a)
a 200 urn cc-Al2O3 particle, 9 = 120°, and (b) a 15 um SiC particle, 9 =
40°, during their transfer from argon to liquid aluminum.
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5.2.2.4.2. Effect of External Kinetic Energy
During the injection experiments, particles carried in the argon flow are supplied
with kinetic energy to facilitate their successful penetration of the gas-liquid interface. The
magnitude of this energy should be high enough to overcome the energy barrier of
incorporation for nonwetting particles. The kinetic energy of a body of mass m moving at
velocity u is defined as:
EK=-mu2 (49)
Heavier particles, either because of their density or their size, can gain more kinetic
energy than light particles. For instance, if a spherical particle with a true density of 3
g/cm3 and a diameter of 10 |am is used in our injection experiments (nozzle orifice diameter
of 0.2 cm and average argon flow rate of 80 cm3/s), it should gain a kinetic energy of 0.041
x 10"7 J. This energy (one order of magnitude higher than the energy required for particles
of the same size (see Figure 52)) is high enough to enable the particle to overcome the
energy barrier for entry into the liquid. On the other hand, for the hypothetical 200-nm
sized OC-AI2O3 particle, the kinetic energy is 54 x 10"7 J, whereas the energy barrier is only
0.5 x 10"7 J. In fact, suspended solid particles in a high-speed flowing gas can gain kinetic
energy high enough to overcome even the yield strength of engineering alloys. For
example, in the sand blasting technique, the sand grains cause permanent indents on the
surface of metals. In our experiments, the difference between the kinetic energy supplied
and the total energy barrier for these particles is surprisingly high, implying that even
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nonwetted solid particles can be incorporated easily into the aluminum melt, which is in
contrast to the classical observations.
A proper treatment of the problem must also include the effect of the kinetic force
that the liquid exerts on the particle during its entry (i.e., the drag force). This force is
defined as:160
D = ^ApLu2f (50)
where, A is the area of the solid as seen in projection along the direction of motion, u is the
particle velocity, and / i s the friction factor -a dimensionless constant that represents the
effect of friction between the solid particle and the liquid. The constant/is usually referred
to as the drag coefficient rather than friction factor in most texts on fluid mechanics. The
value of/is 0.5 for rounded objects like spheres.
The energy that must be supplied to overcome the exerted fluid drag for complete
immersion of a spherical particle (for an immersion distance of 2r from the liquid surface)
is then given by:
ED=2rD = ^ KpLr3u2 (51)
The drag energy, ED, is a second component to be added to the energy barrier (AET)
and should be balanced, as well, to allow for the incorporation of a solid particle. As
previously demonstrated, for the range of particle sizes of interest in this study, the
interfacial energy (AEs) not only forms the major part of the energy barrier (AET) but often
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comprises it entirely, i.e., (AEs « AEj). Thus, a particle can penetrate the gas-liquid
interface if an energy balance of the following form prevails during injection:
EK=AES+ ED (52)
Substituting EK, AES and ED from equations 46, 49, and 51 in equation 52, setting co
= 180 (for complete immersion) and solving for "u" gives the minimum injection velocity,
umi, to enable complete incorporation of solid particles into the liquid:
-12YiGcos0 (53)
™ LK2p.-l.5pJJ
This equation is valid for nonwetting systems (90° < 0 < 180°) when pp > 0.75pL- It
also draws attention to a point that has been previously addressed in the literature163. That
is, even in wetting systems (6 < 90°) when the density of the solid particle is smaller than
that of the liquid (i.e., pp < 0.75pL for spherical particles), the use of an external kinetic
energy is indispensable for complete particle incorporation.
The effects of particle size and density on the minimum injection velocity are
shown in Figure 54. It clear that the larger the particle and/or the heavier the particle type,
the smaller the required injection velocity. Therefore, it is difficult to introduce small
particles into the melt, especially when the particle density is low. Based on these results,
the injection process can be explained as follows: during the journey through the bath, the
buoyant forces slow down the gas bubble with little effect on the velocity of the suspended
particles. This is because according to equation 50 the magnitude of the drag force, the
slowed argon bubble applies on the particles is very small, given the very low density of
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argon at the process temperature. The particles attached to the liquid surface of the bubble
hit the liquid at the gas velocity. Subsequently, a larger particle, having sufficient kinetic
energy, is able to penetrate the gas-liquid interface and enter the bath, a smaller particle
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Figure 54 Effect of particle radius (r) and particle density (pp) on the minimum
injection velocity (Eq. 53). The horizontal dashed line represents the
maximum tangential speed in the aluminum melt. The 2, 3, and 10
symbols denote the particle density, pP, of 2, 3, and 10 g/cm3,
respectively.
It is worth noting here that, although the energy barrier according to the Rohatgi
model (see Figure 52) for large particles is much higher than those for finer particles, due to
the effect of the external kinetic energy, large particles are easier to incorporate into the
liquid phase. The conclusion is that the kinetic energy supplied to the inclusion particles is
the dominating factor for the determination of the ease of particle transfer from gas to
liquid, and therefore the injection process which is more able to provide a higher kinetic
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energy to the solid particles can be used to incorporate smaller particles than the vortex
method can. However, very small particles, i.e., submicron-sized particles, would require
very high kinetic energy for incorporation and, therefore, extremely high injection
velocities are needed. Very small particles cannot be added to liquid metals using the
injection system.
Figure 55 illustrates the effects of liquid density and wetting angle on the minimum
injection velocity. A high wetting angle (viz., poor wettability) between the solid particle
and the liquid necessitates a higher injection velocity. The density of the liquid has a
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Figure 55 Effect of liquid density (PL) and wetting angle (9) on the minimum
injection velocity (Eq. 53).
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Under certain conditions of particle and liquid properties (i.e., large and heavy
particles and/or light liquid), the tangential speed of the liquid metal (see the horizontal
dashed lines in Figure 54 and Figure 55) near the crucible walls is sufficient for the
incorporation of solid particles. The incorporation of solids under these conditions is
similar to particle addition using the vortex technique.
The concept of minimum injection velocity has been used previously in the
literature. The minimum injection velocity to overcome the energy barrier (AEj) according
to Rohatgi91 is:
1.92gr\ £± - 2.091 -
? )
(54)
The minimum injection velocity required to overcome the dominant energy barrier
(surface tension) can be easily derived from the analysis of O'Malley et al.153 as:
u . = COS0 (55)
The injection velocities calculated from equation 55 (O'Malley et al.153) are lower
than the velocities obtained from equation 54, since a factor of 6 appears in the surface
energy component in equation 54, while it appears as 4 in equation 55.
Calculations of the minimum injection velocity, according to equations 53 and 54,
for different particles that form nonwetting systems with aluminum (see Table 14) are
given in Table 15. Equation 54 gives lower injection velocities than those given by
equation 53. hi fact, the omission of the important effect of fluid drag forces and the
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inclusion of the negligible effects of buoyancy and potential energies in the derivation of
equation 54 render it more complex and less accurate for the purpose of predicting the
injection velocity.
The importance of equation 53 comes also from its simplicity and the fact that it can
be used to calculate the minimum injection velocity required for particle incorporation
using the physical properties of the system, since "YLGCOSG" can be calculated from sessile
drop experiments or other techniques.164'165 However, in performing the injection
experiments, the particle incorporations were observed at higher injection velocities than
those predicted by the model. Most of the successful injection experiments were carried out
at 1.2 to 2 times of the minimum injection velocities calculated using equation 53. The
most difficult to incorporate were the small poorly wettable TiC particles (~ 2-|a.m sized),
while the easiest was the TiB2 particles having the best wettability (37° at 900 °C) with
liquid aluminum among the other particle types. Thus, inspection of the injection velocities
given in Figure 54, Figure 55 and Table 15 should be only instructive in terms of studying
the effect of physical properties of the particle and liquid on injection velocities, rather than
using these velocities in practice.
Table 15 Minimum injection velocities for nonwetted particles with aluminum


























The accuracy of calculating the injection velocity using equation 53 is highly
influenced by the lack of, and the uncertainty in, wetting angles and the interfacial energies,
YLGCOS0, reported in the literature, and also by the simplifications and assumptions of the
model. It must be emphasized that sessile drop experiments and the other wettability data
are usually measured under high vacuum environments. In injection experiments, the use of
high purity argon (viz., min. of 99.998% Ar) can produce an oxygen partial pressure as low
as 1.6-5 torr depending on whether the impurity content is water vapor or oxygen,
respectively. Also, at this level of argon purity, the oxidation of aluminum cannot be
avoided at the melt temperature used (~750 °C),166 and thus, the wettability should be
poorer than that used in our calculations (i.e., the wetting angles are higher).
It is assumed that the particles are spheres. This can affect the surface energy
component and the assumption of a stationary liquid that ignores the effect of the drag force
resulting from the liquid motion, leading to an increase or decrease in the required injection
velocity, depending on the direction of the flow field surrounding the injection nozzle. If
we recall these assumptions and simplifications, it should be obvious that equation 53 sets
an approximate value for the minimum injection velocity required.
5.2.2.5. Addition Levels and System Efficiency
The volume fraction of retained particles that can be achieved by the gas injection
technique is relatively low. According to a previous study,87 up to 2 vol pet of particles
could be added easily using the current apparatus, however, it was commented that the
addition levels were limited by the size of the unit and process dynamics. About 1 vol pet
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of different particles were added in the current work. In fact, the addition (or recovery)
levels in the injection process should be simply viewed as the resultant of two factors acting
in opposition to each other: the injection factor and cleaning factor. The injection factor
introduces the solid particles into the melt, whereas the cleaning factor has the same effect
that argon plays in the degassing process, where oxides and inclusion particles can be
floated up to the melt surface as they come in contact with the argon bubbles.167'168
Consequently, the addition levels of 1 or 2 vol pet must be regarded as being the balance
















Figure 56 Schematic diagram showing the effect of cleaning and injection factors on
the final addition level attained (expressed as volume fraction of inclusions
retained in the liquid).
The efficiency of the gas injection system can be assessed by the addition level that
can be achieved in a certain period of time. The system efficiency can be discussed based
on the relative contribution of the injection and the cleaning factors to the percentage of
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particles finally retained in the alloy. To increase the efficiency of the system, the injection
factor must be maximized and the cleaning factor must be minimized. We conjecture that
the population of solid particles in the melt continuously increases with the time of
injection until equilibrium between the particles injected and the particles removed is
attained, as depicted in the schematic diagram of Figure 56 .
Reducing the argon flow rate can reduce the cleaning effect. On the other hand, the
relative weight of the injection factor can be increased if a considerable amount of particles
is injected with a high enough velocity. The amount of particles that can escape from the
fluidizer tube and pass into the melt depends directly on the argon velocity in the fluidizer
tube and hence (from the direct application of the continuity equation) on the argon flow
rate and the fluidizer tube dimensions. A low argon flow rate can lift a large amount of
particles if a short narrow fluidizer tube is used. However, the fluidization of the particle
bed must also be taken into consideration in the design of the fluidizer tube.
The injection velocity increases if a smaller diameter injection nozzle is used. For a
flow rate of 10 ft3/hr (80 cmVs), injection velocities of 6.36 and 25.46 m/s can be obtained
if 0.4 and 0.2-cm diameter nozzles are used, respectively. The minimum required injection
velocity depends on the physical properties of the system as governed by equation 53 (see
also Figure 54 and Figure 55).
The capability of the injection technique is very much restricted by the size of the
particles. Very small (< 1-uni) or very large (> 100-|^m) particles cannot be introduced into
the liquid metal using the present injection technique for several reasons related to the
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capability of providing the appropriate flow rates for injection and fluidization without
destabilizing the metal bath.
The argon flow rate, the dimensions of the fluidizer tube, and the diameter of the
injection nozzle are the main parameters that influence the efficiency of the gas injection
system. Adjustments for a low gas flow rate, a small diameter of the fluidizer tube, and a
small diameter of the injection nozzle to obtain gas velocities higher than the minimum
injection velocity can assure successful experiments.
5.3. Examples of Injected Inclusions
Different solid particles - irrespective of their wettability or chemical stability -
were successfully incorporated into the melts of the aluminum alloys studied, using the gas
injection technique. Figure 57 shows examples of the (X-AI2O3 particles introduced into
alloys 1 and 6. It is clear that the 0C-AI2O3 particles are driven to the interdendritic regions
and they act as active nucleation sites for the iron intermetallic phases and the silicon, hi
contrast to CC-AI2O3, y-A^C^ particles serve as potential nucleants for the cc-Al phase as




Figure 57 Microstracrures of a-Al2O3 injected alloys showing (a) nucleation of
intermetallics on the surface of CI-AI2O3 particles in alloy 1, (b) nucleation




Figure 58 The high potency of y-Al2O3 to nucleate a-Al at high cooling rates, 12




(a ) , -
Figure 59 Effect of CaO particles on the microstructure of Al alloys (a) nucleation of
cc-Al on surface of CaO particles in alloy 1, (b) CaO react with Al-Si melt
of alloy 6 and form complex compounds.
Figure 59 (a, b) shows CaO particles inside the a-Al phase, suggesting a favorable
nucleation of Al on the surface of CaO. It is evident that CaO has a high sticking
coefficient and, thus, a tendency to form clusters in the liquid aluminum alloy. As a result,
CaO inclusions should be easily removed from Al-melts. The CaO particles react with
aluminum oxide to form a compound (CaA^O^ that resembles the spinel phase
(MgAl2O4). Only in the high Si-containing alloys, did the CaO particles react with the Al
and Si forming a polygonal block-like phase (Figure 59(b)). The formation of the plate-like
P-AlFeSi phase is also observed in areas away from the CaO particles. The stoichiometry
of the polygonal phase is roughly A^jSii/zCaOoj. A comparison of the composition of this
phase with that of several complex intermetallic compounds of calcium169 observed in Al-
Si alloys revealed no matches, implying that it is a new phase.
The role of titanium diboride in the grain refining process is the subject of different
interpretations.103'170'171'172'173'71'174 Very valuable and important information on this role are
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obtained using the current injection technique. As Figure 60 shows, most of the T1B2
particles are located within grain centers rather than the grain boundaries. This observation
strongly confirms the role of TiB2 as a grain refiner for the a-Al phase in the alloy
compositions studied.
It is also very clear from Figure 60 that the TiB2 particles have a high sticking
coefficient and, thus, tend to form clusters in the molten metal during the liquid stage. The
fading phenomenon related to grain refiners in alloy melts can therefore be attributed to the
agglomeration and settling of the TiB2 particles as was previously interpreted by some
authors.170'174 In contrast to this interpretation, Lee and Basaran173 observed a time-related
fade phenomenon when the melt was subjected to convection during solidification, and
concluded that the distribution of TiB2 particles in the melt has little or no effect on grain
refinement. The micrographs in Figure 60, show that there is no contradiction between
these two interpretations.170'173'174 When they come in contact with each other, the TiB2
particles form clusters. Melt convection helps the TiB2 particles to come in contact and,
consequently, agglomerate. The formation of TiB2 clusters during the injection
experiments, where vigorous convection took place, is evidence of the effect of melt










Figure 60 Optical micrographs showing; (a, b) nucleation of a-Al on the surface of TiB2; (c,
d) morphology of pores that form on the surface of the TiB2 particles.
Another important factor in the agglomeration process is the nature of the particles.
According to Maréchal et al.,115 the nature of the solid particles (viz., their sticking
coefficient) plays an important role in their agglomeration process in recirculatmg flows.
This implies that for sticky particles (with high sticking coefficient), the longer the
recirculation (stirring) period of the liquid phase, the greater the opportunity for the solid
particles to coalesce and form clusters.
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It can be noticed also from Figure 60 (c, d) that the shape of pores in contact with
the TiB2 particles is nearly round. This observation is in good agreement with the
conclusions of Boudreault et al.}16 who reported that pores in grain-refined aluminum alloy
samples can be distinguished from those in the Sr-modified samples by their almost
spherical shape, while, in non-grain-refmed alloys, the pores are able to expand along the
grain boundaries, and are thus more irregular in morphology.
5.4. Summary
The gas injection technique was used successfully to introduce different types of
oxides, carbides and borides into liquid aluminum alloys. Several examples for the effect of
these particles on the microstructure in aluminum alloys were given to show the
significance of using the technique in conducting systematic studies of this type. The
fluidization process of the solid particles has been described and discussed in detail.
Equations and diagrams that put certain limits on the gas velocity and flow rates are given
as guides for controllable fluidization. In addition, theoretical analysis of the gas injection
process, including the energetics of particle transfer from gas to liquid and the effect of
kinetic forces, was used to derive a theoretical relation for the minimum injection velocity
required for successful particle transfer from gas to liquid.
The capability of the injection technique was found to be very much restricted by
the size of the particles. Very small (< 1-um) or large (> 100-jam) particles cannot be
introduced into the liquid metal using the present injection technique for several reasons
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related to the capability of providing the appropriate gas flow rates for injection and
fluidization without destabilizing the metal bath.
While the discussion given in this work is closely related to the present gas injection
system, the considerations, particularly those related to the effect of physical properties of
the liquid and the solid particles on the process of particle transfer from gas to liquid are
quite general and should be applicable to any injection process. The general practical
considerations are: (i) the wettability has a great influence on the incorporation of particles,
poor wettability necessitating higher injection velocities, (ii) the density of the liquid has an
important effect on particle incorporation into metal baths, with solid particle incorporation
in heavier liquids being more difficult and requiring higher injection velocities, and (iii) the
larger and/or heavier the particle type, the smaller the injection velocity required.
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CHAPTER 6
INFLUENCE OF INCLUSIONS ON THE NUCLEATION OF
THE a-Al PHASE IN Al-Si-Fe ALLOYS
6.1. Introduction
It is well established that a large variety of inclusions are present in small quantities
in commercial aluminum and aluminum alloys. The common types of inclusions in
aluminum are: oxides, carbides, borides, nitrides, chlorides, and fluorides.76'77'78'79 In
addition, reinforcements (particulates or fibers) such as AI2O3, graphite, mica, SiC>2, zircon,
MgO, sand, TiC, Z1O2, TiC^ and lead are commonly used in aluminum matrix composites
to provide different characteristics to the composite properties. ' '
These inclusions and dispersed particles play an important and indispensable role in
facilitating the crystal nucleation process of the matrix phase and other primary phases,
since the high-energy crystal/liquid interface is partly replaced by an area of low-energy
crystal/inclusion interface. However, the inclusions differ in their nucleation catalytic
activity.
According to Maxwell and Hellawell,69 the ranking of the various particles in terms
of their catalytic activity for nucleation is not an absolute measure that can be reflected in
the degree of grain refining unless the cooling rate and alloy constitution are also
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considered. In addition, it has been reported that not all the particles in a given nucleant
addition are of equal effectiveness in promoting grain refining.95 Therefore, a certain
proportion of the added grain refiner particles is responsible for nucleation and for the final
grain size attained.
However, a major part of the examination of nucleation in aluminum-base alloys
has been spent in the study of the mechanisms of grain refinement, specifically, those
associated with the presence of A^Ti, TiB2, AIB2, TiC, etc, where the focus was on
rationalizing the usefulness of such grain refiners.71 The actual evidence that any one
nucleant may be associated with the initiation of solidification is not extensive. It does not
seem to have been clearly established that these proposed nucleants operate singly or in
association with each other or other nucleants already existing in the melt. Furthermore, the
role and the catalytic activity of the inclusions in the solid nucleation process have not been
systematically studied.
The inoculation experiments discussed in this chapter are part of the overall
investigation that aims to evaluate the effect of different inclusions on the solidification
microstructure of Al-Si-Fe alloys, especially on the nucleation of the Fe-intermetallic
phases and the ct-Al phase. Preliminary results on the formation of iron-bearing phases in
Al-Si-Fe alloys and the analysis of the gas injection technique used for inclusion additions
have been dealt with in chapters 4 and 5. This chapter discusses the influence of different
inclusions on the nucleation of the oc-Al phase in several Al-Si-Fe experimental alloys and
at different cooling rates.
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6.2. Results
Before discussing the results of the current inoculation experiments, it would be
appropriate to highlight some principles related to the interaction of solid particles with the
solid/liquid interface during solidification.
According to several investigators (see Ref 177, for example), there are two cases
for the interaction between insoluble particles and the solid/liquid interface during the
crystal growth process. The first one pertains to particle-matrix combinations in which the
particles are captured by the solid/liquid interface at all growth conditions or growth rates
so far tested. In these systems it is believed that the net free energy change in the particle
transfer from liquid to solid is negative, otherwise pushing takes place. The condition for
such particle pushing can either be given by:178'179
JPS >YPL +YSL (56)
or by:89'180
Y PS >YPL (57)
where, yps, YPL and YSL are the free energies at the particle/solid, particle/liquid and
solid/liquid interfaces, respectively. It should be mentioned here that the term "particle" is
used interchangeably with "inclusion" in this chapter.
These simple thermodynamic models are closely related to the heterogeneous
nucleation theory and give an insight into the fundamental aspects of the interaction
between the particles and the solidification front, but they are of limited predictive value
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due to the lack of, and the uncertainty in, the interfacial energies reported in the
literature.177'181
The second case of interaction between insoluble particles and the solid/liquid
interface relates to the case where a critical solid/liquid interface velocity exists, above
which the particles are captured by the solid/liquid interface, and below which they are
pushed by the solidifying interface. This critical interface velocity is dependent on the
interface chemistry, particle size, liquid viscosity, temperature gradient, thermal
conductivities of particle and matrix, and solute content.177
hi studies carried out by Wu et a/.,182 the critical interface velocities measured
experimentally in rapidly solidified wedge-shaped castings were 13100, 14800, and 15600
m/s for Al-12.5Si/SiC, Al-7Si/SiC, and Al-4Si/SiC alloys, respectively. As this order of
magnitude is difficult to achieve under normal casting conditions, particles which are inert
in nucleating the solid phase will most likely be pushed to the interdendritic regions.
Consequently, in microstructures produced at solidification rates lower than those reported
by Wu et a/.182, the particles which are located within the cc-solid phase should have some
catalytic potency to nucleate the solid phase. The main object of the current chapter is to
evaluate the relative nucleating potencies of inclusions in aluminum alloys.
hi addition, one must also consider the case when two or more particles lie in close
vicinity to each other in the a-aluminum grain as demonstrated in Figure 61. This issue can
be discussed in view of several works69'178'179'1 ' 'l 5'186 related to the nucleation process
and the interaction between solid particles and the solid/liquid interface.
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In their analysis, Maxwell and Hellawell69considered that only one grain should be
nucleated per particle and, thus, nucleant particles beyond the optimum number necessary
for nucleation would be pushed to grain boundaries by the growing solid. Cissé et a/.183
concluded that the ideal ratio between the number of nucleated crystals and the number of
nucleant particles is either less than or equal to unity (ideally equal to unity) for complete
epitaxy, and that the ratio will generally be greater than unity for partial epitaxy. Both
Maxwell and Hellawell69 and Cissé et a/.183 proposed that not more than one nucleant
particle should be responsible for nucleation of one grain of solid. Observations of the
presence of more than one solid particle within the same grain of the solid phase were not
reported in their works.
TiC
(a) - v — — — — (b)
Figure 61 Microstructures showing the presence of two or more solid particle in close
vicinity to each other within an cc-Al grain.
However, observations similar to those presented in Figure 61 were also reported by
Mohanty and Gruzleski184 in their inoculation experiments. The work of Jin and Lloyd185
demonstrated that there is no contradiction between the different works on
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nucleation.69'183'184 Jin and Lloyd185 attributed the presence of several particles within the
same grain to the similarity between the particle capture and the heterogeneous nucleation
processes, hi other words, particles that act as heterogeneous nucleation catalysts are not
rejected by the solid/liquid interface. Consequently, the multiple presence of certain solid
particles within the same solid grain does not indicate that these particles co-work in
nucleating such grains, but rather that only one of them is responsible for the nucleation,
while the rest are eventually incorporated into the growing solid phase.
However, it should be noted here that the greater the number of a certain type of
particles captured by the solid phase, the higher their potency for nucleating the solid. Thus,
in the quantitative results given here, the total number of certain particles within the solid
phase has been considered a measure of the nucleating potency of these particles, regardless
of whether they are heterogeneous nucleants or captured particles, hi this respect, therefore,
the results reported here should be considered to have only qualitative significance.
hi developing the argument for the interfacial energy balance necessary for particle
capture or rejection by the solid/liquid interface, Jin and Lloyd185 confirmed the consistency
of their results with those of Uhlmann et a/.,178 and Pôtschke and Rogge.179 Uhlmann et
al. assumed that solid/liquid interface is smooth when the interaction with the particle
takes place -a condition that was not satisfied in the case of dendritic solidification of the
Al-Si alloys in the work of Jin and Lloyd, who, however, used the results of Uhlmann et
al.178 in discussing their results. More recently, based on their experimental results, Wilde
and Perepezko186 confirmed that the predictions of some models {e.g., which assume a
smooth solidification front) related to particle capturing also hold in the case of a dendritic
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solidification front. The quantitative results presented in this chapter and their qualitative
interpretations will be based on the theoretical and experimental evidences reported by
these various workers and others in the literature.
6.2.1. Effect of Inclusions on the Crystallization of the a-Al Phase in Al-Si-Fe Alloys
6.2.1.1. Effect of CaO
Calcium as an impurity or alloying element has two main effects in Al-Si alloys: it
is recognized as (i) a modifier of the Al-Si eutectic structure, and as (ii) a neutralizer for the
iron intermetallic phases. ' ' The chemical affinity of calcium for oxygen is very high
relative to the other oxide inclusions used in this work (see Figure 62 (a)).189 Thus, part of
any elemental calcium added to Al-Si alloys as a modifier or neutralizer is expected to
undergo oxidation. Evidence of calcium oxidation was confirmed by the presence of
several calcium oxide particles in the microstructure of calcium-containing 319 alloy.190
The role of calcium oxide inclusions in the nucleation of the a-Al will be elaborated upon.
The histogram of Figure 63 compares quantitatively the occurrence of CaO particles
within the a-Al phase at different conditions of alloy composition and cooling rate. The
occurrence of CaO is expressed as a percentage of the number of particles located within
the aluminum phase to the total number of particles observed in the respective alloy and
cooling rate condition. It is clear from the diagram that the CaO particles are mainly located
within the a-Al phase. The occurrence level is minimum in alloy 5, the highest Fe-
containing alloy in the present study, and is maximum in alloy 6, the highest Si-containing
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Figure 63 Quantitative evaluation of the percentage occurrence of CaO in the a-Al
phase. Condition 1S4 corresponds to alloy 1, sample S4 in Figure 23, etc.
The highest occurrence levels that were observed in the high-Si alloy (alloy 6) may
be attributed to the high chemical affinity of CaO for the formation of intermetallic
compounds with the Al-Si melt (to be discussed elsewhere in this section). Thus, the high
chemical affinity of CaO to react with Al-Si melts provides an advantage to the surface
characteristics of CaO by keeping it active, which in turn promotes higher nucleation levels
of the aluminum phase. In contrast to this, the minimum occurrence levels of CaO particles
in the a-Al phase that were observed in alloy 5 (high-Fe alloy) could be attributed in part to
the passivity between CaO and the Fe in the liquid solution, and in part to the lack of Si in
alloy 5 that leads to the formation of binary Al-Fe phases in this alloy (Chapter 4).1'2 The
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passivity between CaO and the solute atoms of Fe impeded any kind of reaction between
the two constituents, as will be demonstrated later.
Figure 64 shows some examples of the CaO particles injected into different alloys.
The presence of a majority of CaO particles inside the a-Al phase suggests a favorable
nucleation of a-Al on the surface of CaO. This phenomenon is observed whether there is
evidence of interfacial reactions on the surface of CaO or not, Figure 64 (a-d). Inside the ct-
Al phase, some of the CaO particles are seen to nucleate Fe-bearing phases, as shown in
Figure 64 (e). In the high-Fe alloy, i.e., alloy 5, the larger part of CaO particles are pushed
to the interdendritic regions, Figure 64 (f), and no evidence of reactions can be seen.
It is evident from Figure 64 that CaO has a high sticking coefficient and, thus, a
tendency to form clusters in the liquid aluminum alloy. As a result, CaO inclusions should
be easily removed from Al-melts.
In low-Si alloys, the calcium oxide reacts with the aluminum and/or aluminum
oxidea to form two kinds of mixed oxides (see Figure 65). The first oxide is CaAli.cAu or
(CaA^O^ which is a mixed oxide that resembles the spinel phase (MgAl2O4). Traces of
silicon, ~1 wt%, were also analyzed in this phase; as the Si map in Figure 65 reveals, hi
addition to this oxide, an oxide phase with the formula CaAlô.407.7 was also detected. The
question arises as to what is the source for the excess oxygen that appears in these oxide
phases.
a
 The oxidation of molten aluminum is thermodynamically unavoidable even under the highest vacuum levels
attained by today's technology. In addition, it should be expected that aluminum oxidation will result
according to the principles of mass action, since there is much more aluminum than the other elements present
in the alloy regardless the affinity of these elements to the oxygen.
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Effect of CaO particles on the microstructure of Al alloys,
(a, b) nucleation of a-Al on surface of CaO particles in alloys 1 and 5
solidified at cooling rates of 8 and 0.19 °C/s, respectively; (c, d) the
formation of calcium compounds (high-Si compounds) in alloy 6 solidified
at cooling rates of 12.8 and 0.76 °C/s, respectively; (e) the nucleation of an
AlFeSi phase on the surface of CaO particles within the a-Al phase of alloy
3, solidified at cooling rate of 0.21 °C/s; and (f) CaO particles pushed to the
interdendritic regions in alloy 5, cooling rate of 1.2 °C/s, where no visible
reaction at CaO interfaces can be seen.
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Figure 64 Effect of CaO particles on the microstructure of Al alloys,
(a, b) nucleation of a-Al on surface of CaO particles in alloys I and 5
solidified at cooling rates of 8 and 0.19 °C/s, respectively; (c, d) the
formation of calcium compounds (high-Si compounds) in alloy 6 solidified
at cooling rates of 12.8 and 0.76 °C/s, respectively; (e) the nucleation of an
AlFeSi phase on the surface of CaO particles within the a-Al phase of alloy
3, solidified at cooling rate of 0.21 °C/s; and (f) CaO particles pushed to the
interdendritic regions in alloy 5, cooling rate of 1.2 °C/s, where no visible



















































































































































Figure 65 Maps of element distributions corresponding to the backscattered image
(top) of alloy 2, showing the formation of different oxides at the interfaces
between aluminum and the CaO particles (cooling rate 13.8 °C/s).
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It has been reported that gases, other than hydrogen, are present in molten
aluminum when nonmetallic inclusions react with the environment.39 Oxygen is one of the
components of the atmosphere that surrounds the liquid metal. In addition, according to the
structural model of Weyl,191 which is relatively well accepted,177 the surface of an oxide,
and most likely that of many oxidized metals in air, consists predominantly of highly
polarized oxygen atoms. Freshly created oxide surfaces have high chemical reactivity
compared to when they remain exposed to the air. Therefore, there is a tendency for such
surfaces to adjust their structure to a low energy state through atom migration or adsorption
of additional components. The very reactive high-energy oxide surface adsorbs oxygen
from the air in order to lower its surface energy. Similarly, adsorption of an oxygen layer
also occurs on carbide surfaces.192
Recent works provide more concrete observations for the adsorption of oxygen on
the metal/oxide interfaces. For example, Levi and Kaplan193 discussed the formation of an
oxygen-rich interphase at the liquid aluminum/cc-A^Oa interface. Evidence of oxygen
segregation at the Ag/MgO interfaces have been provided by Pippel et. al.194 In addition, a
model for the adsorption of oxygen at metal/oxide interfaces has been constructed, as
well.195
Another possibility for the excess oxygen may be the dissolution of CaO in the
liquid aluminum. The driving force for such a dissolution reaction is the liquid solubility of
Ca in aluminum, which is 7.7 wt% at the eutectic temperature, 616°C.169 This high
solubility, if the reaction is thermodynamically favorable, suggests that the CaO dissolves
in the liquid aluminum liberating free oxygen to the surrounding.
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Thus, the source of oxygen observed in the interphase regions around the CaO
particles is either due to its adsorption on the surface of CaO particles before they are
injected into the melt, or from the dissolution of the CaO in the liquid aluminum. This
explains the presence of excess oxygen in the interphase regions surrounding the CaO
particles in Figure 65, and the formation of the mixed oxides.
In the high-Si alloy, i.e., alloy 6, the CaO particles react with the Al and Si forming
two distinct phases. The first one is an oxide phase similar to that observed in the low-Si
alloy, and is identified as CaAl0.3O7.5Sio.57, (arrowed in Figure 66). The difference between
the two phases is that the latter phase contains much more silicon than that observed in the
low-Si alloy.
The second phase that results from the reaction between the CaO and the Al-Si melt
has a polygonal block-like morphology (Figure 64 (c, d)). This phase has a higher silicon
content than the well-referenced phases in the Al-Si-Fe system,24'124 and a chemical
composition which can be expressed as CaAl2.5Si1.8O0.37, with a range of composition given
by CaAl2.3-2.68Si1.75-1.9O0.i6-0.7- It has a white contrast in the back-scattered images of Figure
66. A comparison of the composition of this phase with that of several complex
intermetallic compounds of calcium observed in Al-Si alloys169 revealed no matches,

































































Figure 66 Maps of element distributions corresponding to the backscattered image
(top) of alloy 6, showing the formation of calcium compounds as a result
of the reaction between CaO and the Al-Si melt (cooling rate 12.8 °C/s).
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A high-Si phase was also observed to form at the interphase region around the CaO
particles, corresponding to SiAl4.5Feo.17, with some traces of oxygen. The atomic ratio of
Si/Al in the phase is much higher than that in the Al-Si eutectic. At the same time, it is not
identical to the ô-ALtFeSi2 phase: the highest Si-containing phase among the ternary Al-Fe-
Si phases. Consequently, it can be reasonably concluded that Si segregates to the CaO
surface, and this segregation is likely the reason for the disappearance of eutectic silicon
particles from regions near the CaO particles and the formation of high-Si phases in
physical contact with CaO particles.
6.2.1.2. Effect of MgO
In alloys 1 to 5, the majority of MgO particles, determined from optical microscopy
and image analysis, were observed to lie within the aluminum phase. In alloy 6, the
percentages of MgO particles that were located within the aluminum phase decreased
greatly, as shown in Figure 67. The optical micrographs of Figure 68 show examples of
MgO particles in the microstructure of Al-alloys.
6.2.1.3. Effect of TiB2
The role of titanium diboride, TiE$2, (conventionally called titanium boride) in the
grain refining process is a matter of different interpretations.71'170'173'174 Very valuable and
important information on this role were obtained from the inoculation experiments carried
out in the present chapter. The introduction of titanium boride particles into the molten
aluminum alloys was greatly facilitated due to their good wettability with aluminum
(Chapter 5). As can be seen from Figure 69, a huge number of particles can be readily
215
introduced into the molten metal. The uniform distribution of these particles in the alloy is
the key for a successful evaluation of their role in the development of the solidification
microstructure. To achieve or maximize this kind of distribution, casting should be done as
soon as the injection stage is completed. In addition, stirring should be maintained up until
the time of casting, to reduce the "density effect", which can result in the settling of heavy
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Figure 67 Quantitative evaluation of the percentage occurrence of MgO in the a-Al
phase.
The diagram of Figure 70 provides a quantitative evaluation for the occurrence of
TiB2 particles in the a-Al phase. It is clear from the diagram that the TiB2 particles have a
high potency to nucleate the solid phase in almost all the alloys, i.e., alloys 1 to 5, with the
exception of alloy 6. As Figure 71 (a-f) shows, in alloys 1 to 5, and at different cooling
rates, most of the TiB2 particles are located within the Al-grains rather than the grain
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boundaries or the interdendritic regions. This observation strongly confirms the role of T1B2
as a grain refiner for the a-Al phase in the alloy compositions studied. In contrast to this, a
high percentages of the TiB2 particles studied in alloy 6 were found to be located in the
interdendritic regions, as seen in Figure 71 (g, h) and also concluded from Figure 70. This










Examples of (a) the occurrence of MgO particles within the a-Al phase in
alloy 4 cooled at 1.4 °C/s, and (b) the nucleation of iron intermetallics on
the surface of MgO particles in alloy 6 cooled at 0.76 °C/s.
Figure 69 Optical micrograph taken from alloy 1, showing a huge number of TiB2
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Figure 70 Quantitative evaluation of the percentage occurrence of T1B2 in the oc-Al
phase.
It is also very clear from Figure 71 that the TiB2 particles have a high sticking
coefficient. TiB2 particles tend to form clusters in the molten metal during the liquid stage.
The fading phenomenon related to grain refiners in alloy melts can therefore be attributed
to the agglomeration and settling of the TiB2 particles as was previously interpreted by
some authors.170'174 hi contrast to this interpretation, Lee and Basaran173 observed a time-
related fade phenomenon when the Al-melt was subjected to convection during
solidification, and concluded that the distribution of T1B2 particles in the melt has little or
no effect on grain refinement. The micrographs of Figure 71, reveal that there is actually no
contradiction between these two interpretations.170'173'174 When they come in contact with
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each other, the T1B2 particles form clusters. Melt convection helps the TiB2 particles to










Optical micrographs showing: (a-f) T1B2 particles within the cc-Al phase of
low-Si alloys: (a, b) alloy 1, cooling rate 0.16 °C/s, (c) alloy 2, 13.8 °C/s,
(d) alloy 3, 14.3 °C/s, (e, f) alloy 4, 10.3 °C/s; (g, h) TiB2 particles pushed
to the interdendritic regions of alloy 6, 12.8 and 0.76 °C/s, respectively; (i,









Figure 71 Optical micrographs showing: (a-f) TiB2 particles within the a-Al phase of
low-Si alloys: (a, b) alloy 1, cooling rate 0.16 oC/s> (c) alloy 2, 13.8 oC/s> (d)
alloy 3, 14.3 oC/s> (e, f) alloy 4, 10.3 oC/s; (g, h) TiB2 particles pushed to the
interdendritic regions of alloy 6, 12.8 and 0.76 oC s> respectively; (i, j) the
morphology of pores that form on the surface of the TiB2 particles.
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The formation of T1B2 clusters during the injection experiments, where vigorous
convection took place, is evidence of the effect of melt convection on T1B2 agglomeration
(Figure 71 (b, c, g, i, j). This behavior may be attributed to the fact that the surface energy
of the fine particles is lowered in agglomeration since the exposed area of the particles is
largely reduced. This implies that for sticky particles (with high sticking coefficient), the
longer the recirculation (stirring) period of the liquid phase, the greater the opportunity for
these particles to coalesce and form clusters.
It can be also noted from Figure 71 (i, j) that the shape of pores in contact with the
TiB2 particles is nearly round. This observation is in good agreement with the conclusions
of Boudreault et al.}16 who reported that pores in grain-refined aluminum alloy samples
can be distinguished from those in the Sr-modified samples by their almost spherical shape,
while, in non-grain-refined alloys, the pores are able to expand along the grain boundaries,
and thus have a more irregular morphology.
The porosity in relation to the TiB2 particles was studied in the current work as
well. Figure 72 shows that the number of TiB2 particles and/or clusters that act as potent
substrates for the formation of porosity increases with the total alloying element content of
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Figure 72 The percentage of TiB2 particles (or clusters) in contact with pores.
6.2.1.4. Effect of TiC
The role of TiC in the grain refinement of aluminum alloys is a matter of
contradiction between different authors.196 The quantitative results for the occurrence of the
TiC particles within the a-Al phase are shown in Figure 73. Similar to Ti£$2 and MgO, a
high percentage of the TiC particles are located within the a-Al phase in alloys 1 to 5,
while in alloy 6, most of them are pushed to the interdendritic regions.
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Alloy condition
Figure 73 Quantitative evaluation of the percentage occurrence of TiC in the a-Al
phase.
6.2.1.5. Effect of AI4C3
Aluminum carbide is a common inclusion found in the aluminums coming from the
electrolysis process. The formation of AI4C3 phase in aluminum is due to the reduced
solubility of carbon in aluminum from, 30-35 ppm AI4C3 at 1000°C to about 2-3 ppm AI4C3
at 700°C.197
In the present study, AI4C3 particles were mainly found within the cc-phase in all the
alloys studied including alloy 6, with an overall average of 70.5%. Figure 74 shows the
distribution of the AI4C3 particles in the aluminum phase for the different alloy conditions.
Some examples of the presence of AI4C3 particles inside the a-Al phase are displayed in the
optical micrographs of Figure 75.
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4C 5G 5S4 5C ' 6C








(a, b) optical micrographs showing evidence of the nucleation of Fe-
intermetallics on the surface of AI4C3 particles within the a-Al phase of
alloy 5 (cooling rate 1.2 °C/s).
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The thermodynamic stability of carbides was shown previously in Figure 62 (b).
According to the diagram, silicon carbide is more stable than aluminum carbide in the
temperature range of our experiments. Consequently, transformation of aluminum carbide
to silicon carbide is expected to take place in the Si-containing alloys, according to the
reaction:
Al4C3 + (Al-Si)iiq = SiC + Aliiq (58)
Evidence for this transformation is shown in Figure 76. In high-Fe containing alloys

























































































































































Figure 76 Maps for element distributions corresponding to the backscattered image




The role of CX-AÎ2O3 in the development of the solidification microstructore in
aluminum alloys is of considerable importance, since 01-AI2G3 is one of the most common
oxides found in aluminum alloys. The occurrence levels of the (X-AI2G3 particles in the a-
Al phase are shown in Figure 77 for the different alloy conditions. The occurrence level of
the (X-AI2O3 particles in the a-Al phase is generally high. However, as can be seen from the
diagram, the occurrence level decreases in the alloys containing high alloying additions
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Alloy Condition
Figure 77 Quantitative evaluation of the percentage occurrence of a-Al2O3 in the a-
Al phase.
6.2.1.7. Effect of y-A!2O3
In addition to a-MjOi, the Y-AI2O3 phase is also one of the most common oxides in
aluminum alloys.76 It is a stoichiometric oxide of aluminum with a defect spinel structure.
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In the case of unalloyed aluminum, the oxide film is initially y-AlaOs.198 It is a thin film
that inhibits further oxidation through prolonged heating at higher temperatures
(~800°C)124. After an incubation period, this oxide transforms to a-AlaO3.î98 It is expected
that stirring of the melt will result in the entrapment of the Y-AI2O3 into the liquid metal.
Consequently, not all the y-AhO$ particles will inhibit further oxidation and transform into
CX-AI2G3. The role of y-Al2O3 in the development of the solidification microstructure of
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Figure 78 Quantitative evaluation of the percentage occurrence of Y-AI2Q3 in the a-
Al phase.
Among all the inclusions used in this work, the y-Al2O3 particles were found to
have the highest occurrence level in the oc-Al phase (Figure 78). Several examples of
micrographs depicting this observation are given in Figure 79. These particles are believed
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to be very potential substrates for the crystallization of the matrix phase. Such inclusion





Figure 79 Optical micrographs showing how the majority of Y-AI2O3 particles injected
into different alloys were observed to act as potential nucleants for the a-Al
phase: (a) alloy 4, cooling rate 0.18 °C/s, (b) alloy 5, cooling rate 14.3 °C/ss
and (c, d) alloy 6, cooling rates 0.18 and 5.1 °C/s, respectively.
6.2.1.8. Effect of SiC
The majority of the SiC particles were located within the aluminum phase of alloys
1 to 5 after solidification, as shown in Figure 80. In comparison, lower percentages were





















Figure 80 Quantitative results for the occurrence of SiC particles in the ct-Al phase.
The stability of SiC is higher than that of AI4C3 in the temperature range of interest
as shown in Figure 62 (b). Consequently, it is not expected that the SiC will transform to
AI4C3 during the solidification of the Al-Si-Fe alloys. Actually, the reverse process is
observed in the Al alloys injected with AI4C3 (see Figure 76):
However, some kind of reaction does take place on the surface of the SiC particles
injected into the Al-Si-Fe melts, as seen in Figure 81 (a-d) in the interphase regions around
the SiC particle edges, in the low-Si alloys, i.e., alloys 1,2 and 4. As Figure 81 (e, f) shows,
such reactions were not observed in alloy 6. The maps of Figure 82 give an example of this
phenomenon. The carbon distribution through lines taken from within the SiC phase
(termed core) and passing along the interphase region (termed rim) are given in the diagram
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of Figure 83. The diagrams show that Si diffuses out of the SiC particle leading to the
formation of a C-rich interphase region outlining the original SiC particle.
In fact, these layers are not formed because of the higher stability of AI4C3 phase
since the transformation of SiC to AI4C3 is not a favorable reaction according to the
thermodynamic data given in Figure 62 (b). The reason for the formation of such shells,
richer in carbon and aluminum and poorer in Si when compared with the matrix, is the high
liquid and solid solubility of Si in Al. This can be explained as follows. The presence of
SiC particles in the low-Sia liquid Al alloy leads to the dissolution of the SiC phase, starting
from the surface in contact with the liquid. The longer the residence time of the SiC
particles in the liquid aluminum, the more severe the dissolution reaction. In a stationary
melt -assumed stationary if no appreciable convection or stirring occurs- the rate of
dissolution diminishes with time as a result of the formation of a Si-rich layer of liquid in
immediate contact with the C-rich interphase region. Stirring of the liquid increases the
dissolution process.
The formation of AI4C3 is a result of the very small solubility of carbon in solid
aluminum. During solidification, alummum combines with the carbon liberated in the alloy
to form AI4C3 phase. If the aluminum alloy has a high Si content, the rate of the dissolution
reaction decreases until the reaction is eventually stopped, as shown in Figure 81 (f).
a
 Low-Si means the concentration of silicon in the aHoy is lower than the saturation limit of Si in the alloy.
This indicates that in the liquid state, this kind of reaction should theoretically take place in all the alloys
containing Si amounts lower than the liquid saturation limit, which is ~12 wt%.
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Figure 81 The reaction of SiC with A3 alloys: (a-d) reactions around SiC particles in
alloys 1, 2 and 4, (cooling rates 0.16, 1.53 and 0.18 °C/s, respectively, and




Figure 82 Maps of element distributions showing the formation of aluminum and
carbon rich shells on the surface of silicon carbide particles injected in
alloy 4, solidified at cooling rate of 0.18 °C/s.
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Figure 83 Line scans for carbon within the SiC particle (CORE) and along the
interphase region sheathing the particle (RIM), for one of the particles
shown in Figure 82.
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6.3. Discussion
6.3.1. Nucleation of a-Al in the Diluted Alloys
The role of different inclusions in the nucleation of the matrix phase has been
presented in the previous sections. Almost all the inclusions studied possess high
occurrence levels in the a-Al phase for alloys 1 to 5. However, the highest levels were
achieved by the particles of T1B2, Y-AI2O3, and TiC, respectively. These results imply that
such compounds are suitable nucleants for the a-Al solid phase in the alloy compositions
and cooling rates examined here (i.e., the composition range covered in alloys 1 to 5, and
the cooling rates between 0.2 and 15 °C/s). In alloy 6, most of the inclusion particles that
are apparently not reactive with the liquid alloy, e.g., MgO, TiB2, TiC, a-A^Ch, and SiC
were pushed to the interdendritic regions.
The most efficient nucleant is the one that can initiate solidification at the smallest
undercooling. It is worth noting here that the present results cannot provide an accurate
determination of the kind of inclusion that is most efficient and responsible for the
initiation of solidification. To do so, one should separate the inclusion content from the
melt such that only one type of inclusion is present in the liquid phase. By this means, the
potency of this type of inclusion could be reliably estimated from the accompanying
nucleation undercooling. However, in the liquid dispersal experiments95 that aimed to
isolate nucleants from the melt, the results were found to be inconclusive. The only output
of such experiments was the surprisingly high undercoolings achieved, but which,
unfortunately, could not be attributed to specific nucleants.
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The measured undercoolings for nucleation of the cc-Al phase in three virgin alloys
(viz., alloys not injected with inclusion particles) are given in Table 16. Knowing that the
alloying element content increases from alloy 1 to alloy 6, it is clear that the value of
undercooling increased with the alloy content at both cooling rates (i.e., graphite and
metallic mold castings). It is low in diluted alloys, e.g., alloys 1 and 3, and high in the alloy
containing high silicon addition, i.e., alloy 6. This provides an insight regarding the
nucleation of the oc-Al phase in these alloys. The increase in the undercooling in alloy 6
implies that some of the active nucleation sites that played a role in the diluted alloys have
become inert or at least less active and require higher undercoolings to initiate nucleation
events in the high-Si alloy. The quantitative results of Table 17 confirm this point of view,
where the fraction of inclusion particles that are pushed to interdendritic regions is much
higher in the case of the high-Si alloy than in the diluted alloys.















6.3.2. Grain Refinement in Hypoeutectic Al-Si Alloys
A similar phenomenon for the loss of nucleant activity is well documented in grain
refinement practice. Wrought or primary aluminum alloys can be readily grain-refined,
while cast alloys, containing large amounts of Si, Cu or Zn, exhibit some difficulty in
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attaining an acceptable level of grain refinement using conventional grain refiners designed
for wrought alloys. The alloying additions hinder the effect of Al-Ti-B grain refinement.
The master alloys used to refine the grains in wrought alloys are not equally efficient when
used in cast alloys.106 For example, the Al-5Ti-lB master alloy, which is a foolproof grain
refiner in wrought alloys, cannot provide an acceptable level of refining in cast alloys.
However, other master alloys such as Al-2.5Ti-2.5B and A1-4B have been developed in
order to provide powerful grain refining in cast alloys. The latter alloys also operate using
the grain refinement effect of Al-Ti-B or Al-B. Why they are more powerful than the Al-
5Ti-lB master alloy will now be discussed in terms of the quantitative results obtained in
the present study.
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* The ratio of the active TiB2 particles in alloy 6 to those in the dilute alloys is (13.9/81.9
=) 0.17.
The noticeable improved nucleation effects of Al-2.5Ti-2.5B and A1-4B master
alloys over that of A1-5TÎ-1B in the grain refinement of high-Si alloys can be explained in a
rather simple way, originating from the results of the current inoculation experiments.
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Before we do so, the efficient nucleants in each master alloy should be determined. In Al-
5Ti-lB alloy, the efficient nucleant should be either A^Ti or TiB2 (borides generally), or
both, m Al-2.5Ti-2.5B, the excess B stabilizes TiB2, A1B2 and/or (Ti,Al)B2, thus, only
boride particles may be found in this alloy. This is different from the case in alloy A1-4B,
where only A1B2 particles can be found. Apparently, the A^Ti phase should be excluded
from our analysis because it can only be found in the low-B master alloy (i.e., alloy Al-5Ti-
1B), which is a weak refiner for the cast alloys in question, hi addition, it is not an effective
refiner in casting alloys containing a few percentages of Si, Cu or Si combined with Cu.199
It is assumed that TiB2 is the most active nucleant as proposed by Cibula200 and confirmed
later by Sigworth et a/.199"201. The disregistries of TiB2 and A1B2 with a-Al at certain
orientations are 4.3 and 3.5 pet, respectively.202 Both boride types have similar lattice
parameters and are isomorphous, confirming the similar nucleation potency of borides. The
mixed borides (Al, Ti)B2 should also be good nucleants.202 hi addition, the potency of AIB2
was also proposed to be equal to that of TiB2 in the work of Perepezko.71
According to simple mass balance calculations, the number of boride moles that
form in a master alloy is only proportional to the B content. Therefore, the ratios of boride
mole numbers that form in the Al-5Ti-lB, Al-2.5Ti-2.5B and A1-4B master alloys are 1:
2.5: 4, respectively. Assuming that the boride particles have the same average size in the
three master alloys, and knowing that the molar volumes of TiB2 and AIB2 are almost the
same (i.e., 15.4 and 15.2 cm3, respectively), the number of boride particles will follow the
approximate ratios of 1: 2.5: 4 for the master alloys Al-5Ti-lB, Al-2.5Ti-2.5B and A1-4B,
respectively. Thus, the number of boride particles contained in samples of the same weight
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will be proportional to the B content of each alloy. Consequently, for samples of the same
weight, alloy A1-4B will contain four times more boride particles than alloy Al-5Ti-lB.
The result of such simple mass balance calculations in conjunction with our
quantitative results can explain qualitatively why the Al-2.5Ti-2.5B and A1-4B master
alloys offer more powerful grain refinement in the high-Si alloys than the Al-5Ti-lB alloy.
Assume, for example, that A1-5TÏ-1B alloy provides 100 active nucleation sites
(supposedly borides) when added to a wrought alloy (similar to alloys 1 to 5). The number
of active particles reduces to only 17 particles [100 x (13.9/81.9)] if this master alloy is
added to a high-Si alloy, such as alloy 6 (multiplication factors taken from Table 17). To
compensate for the nucleant efficiency loss, more nucleant particles should be added. The
use of master alloys that provide more boride particles than the Al-5Ti-lB alloy can help to
achieve a level of grain refinement in the high-Si alloys similar to that in wrought alloys.
The commercial practice of grain refinement where Al-2.5Ti-2.5B and A1-4B grain refiners
are used for cast alloys is proof of these simple calculations. If alloy A1-4B is used instead
of alloy A1-5TÏ-1B, the number of active TiB2 particles may reach 68 (4x17); consequently,
a better level of refining will be achieved.
According to our analysis, it follows that the Al-2.5Ti-2.5B master alloy will be a
less powerful grain refiner than the A1-4B alloy in the high-Si alloys, since it provides a
lesser number of boride particles (ratio of 2.5: 4). The diagrams given in Ref (106) confirm
this assumption. Typical grain sizes are borrowed here to demonstrate the relative
nucleation efficiencies of Al-2.5Ti-2.5B and A1-4B master alloys, after additions of 0.5 and
1.0 wt pet of each refiner to 356 alloy: the resulting average grain sizes are 370 and 280 jam
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when using Al-2.5Ti-2.5B, and 220 and 200 um when using alloy A1-4B, respectively.
Therefore, the quantitative results of the percentage of inclusions (i.e., TiB2) located within
the a-Al phase can be used successfully to rationalize the efficiency differences between
different grain refiners in hypoeutectic Al-Si alloys.
6.3.3. Nucleation of a-Al in the High-Si Alloys
According to the distribution of the inclusion particles between the a-Al phase and
the interdendritic regions of alloy 6, one can distinguish between two groups of inclusions.
The first group includes CaO, AI4C3, and Y-AI2O3, which have high occurrence levels in the
a-Al phase. The second group of inclusions includes MgO, TiB2, TiC, OC-AI2O3, and SiC,
which are mainly pushed to the interdendritic regions.
The first group of inclusions has therefore uniform high occurrence levels within
the a-Al phase in all the alloys studied (see Table 17). Consequently, their behavior with
respect to the nucleation of the matrix phase can be generally characterized by constancy
(or near constancy) over the range of alloys and cooling conditions studied, see Figure 63,
Figure 74, and Figure 78. Two of these inclusions, CaO and AI4C3, were observed to react
with the alloy components and form several chemical compounds.
The second group of inclusions exhibits a large drop in their occurrence levels in
the a-Al phase of alloy 6 (Table 17). In other words, these inclusion particles become less
potent in nucleating the a-Al phase with the increase in the alloying element content in the
alloy (i.e., Si). This may be attributed to the so-called poisoning of the nucleation sites,
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which takes place due to the segregation of Si to the surface of nucleant particles, altering
their surface characteristics, see Figure 67, Figure 70, Figure 73, Figure 77, and Figure 80.
Based on these data, one can conclude that in the dilute Al-Si-Fe alloys almost all
inclusions are good nucleants for oc-Al phase, in particular, the TiB2, Y-AI2O3 and TiC
particles. On the other hand, the Y-AI2O3, CaO and AI4C3 particles are efficient nucleants
for cc-Al in the high-Si alloy (a hypoeutectic Al-alloy).
6.3.4. Solute Segregation to the Liquid-Al/Inclusion Interfaces
The theory of solute or impurity segregation to surfaces and grain boundaries in
metals is well developed and several models have been proposed to describe a variety of
segregation and adsorption conditions. hi contrast, the segregation of solutes to the
heterophase interfaces in metals is far from being well understood. The metal/inclusion or
metal/ceramic interfaces represent the case of segregation to heterophase interfaces and are
of interest in the present work. Solute segregation to heterophase interfaces is more
complicated due to the nature of the metal/inclusion bond204, and the poor accessibility of
such interfaces.205 The Gibbs adsorption concept, which is usually used to describe solute
segregation to a metal surface, is adopted here in a qualitative sense since both phenomena
result from identical processes. The basic prediction of the Gibbs adsorption isotherms is
that if they lower the surface energy of the interface, the solute atoms will segregate





where y is the surface or interfacial free energy, Xc is the bulk solute molar concentration
and F is the interfacial excess of the solute species expressed in mol/m2. Units of atomic
fraction and number of atoms/m2 can be alternatively used to express Xc and F to describe
the interfacial solute segregations.203"207
The resultant interface is characterized by a lower energy and a higher solute
concentration, which therefore give rise to zones of chemical heterogeneity at the interface.
It follows that the equilibrium level of solute enrichment at the interface depends on system
parameters such as the magnitude of the interfacial energy, bulk solute concentration, and
the nature of the solute atoms. For instance, the effect of the latter on the surface tension of
aluminum alloys can be estimated as follows. Generally, additions that have a lower surface
tension reduce the surface tension of aluminum, but ones that have a higher surface tension
do not affect the latter appreciably.124 This is consistent with the Gibbs rule that additions
that reduce surface tension segregate to the surface (Eq. 59). The equilibrium solute
segregation to the interfaces results in the formation of only one or two solute-rich atomic
layers, which in fact cannot explain the formation of segregation layers of up to several
microns that are usually observed in metallurgical practice.
The segregation process is very sensitive to the rate of cooling from a high
temperature.203 A high cooling rate leads to nonequilibrium segregation, which results in
the build-up of a large interface layer. In nonequilibrium segregation, the thickness of the
solute-rich layer depends more probably on the kinetic parameters involved. For example,
Si solubility in aluminum is reduced with the increase of cooling rate,124 a condition that
can lead to greater Si segregation at the interfaces. The diffusion coefficient of the solute
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atoms is also an important factor in nonequilibrium segregation. The diffusion coefficient
of Si in Al is much higher than that of Fe.39 Thus, if both solute types have the same driving
force for segregation, Si will be more concentrated at the interface than Fe within a given
period of time, as long as equilibrium is not attained.
The solute segregations of Si and Fe in the current Al-alloys are discussed
qualitatively here. The surface tensions of AI, Si and Fe at their respective melting points
are 866, 730, and 1880 ergs/cm2, respectively.164 Consequently, Si is expected to segregate
preferentially to external and internal surfaces and by analogy to the heterophase interfaces
of aluminum alloys, while Fe is not. However, the driving force for Si segregation, as
visualized by its surface tension relative to that of aluminum is not very high, implying that
the enrichment of Si at the aluminum surface will be only slightly pronounced even in
alloys containing high Si contents. The experimental observations confirm this point where
Si is seen to lower the surface energy of the liquid aluminum only slightly, even at high
concentrations such as 12 wt pet.39
In the situation where the free energy at the metal/inclusion interface is substantially
high, pronounced Si segregation is expected to take place. This deduction is supported by
the observation of a high-Si interphase region around the CaO particles and the formation
of high-Si containing phases (i.e., CaAl2.5Si1.gO0.37 and SiAl4.5Feo.17), in alloy 6. It can also
be noted that the Fe/Si atomic ratio in the second compound is far below that observed in
the Fe-intermetallic phases, namely AlsFeSi and AUFeSia, that form in the alloy at the two
extreme cooling rates explored (Chapter 4). This supports the deduction that Fe does not
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segregate to interfaces in Al alloys. If this is the case then one must question the role that Si
plays in the nucleation of a-Al in the high-Si alloys.
6.3.5. The Influence of Si on the Nucleation of the a-Al Phase
It is clear from the current quantitative results for the number of inclusion particles
that lie within the a-Al phase in alloy 6 that, in most cases, the high silicon content hinders
the nucleation of the solid a-Al phase. The nucleation process is affected by the interfacial
attachment kinetics. Atomic attachment becomes favorable only when the segregated atoms
are of similar size. The solvent/solute atomic size ratio will therefore dictate whether or not
precipitation of a crystal layer is favorable.184 When atomic misfit is significant, even
though segregation is thermodynamically favorable, stabilization of the crystal layer will
not be feasible.
Bâckerud et a/.208 presented a qualitative index for the performance of various
solute elements as nucleants for aluminum when added as borides through their atomic size
match/mismatch with aluminum. When the solvent/solute size ratio is close to unity, the
probability of providing a well-ordered crystal is greatly enhanced, and efficient grain
refinement is achieved, as was experimentally verified with Nb, Ti, and Ta.208
On the other hand, significant mismatch leads to poisoning by hindering the
precipitation of a stable crystal layer.184 Knowing that the atomic sizes of Ti, Al and Si are
2, 1.82 and 1.46 Â, respectively, it should be expected that the presence of segregated Si at
the interface of TiB2 particles would hinder the nucleation of the solid aluminum phase,
since the segregated Si atoms would change the atomic size matching from 0.91 in Al/Ti to
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0.73 in Si/Ti after segregation. This effect should be higher in alloy 6, containing 6.32 %
Si, since the probability of a continuous Si monolayer formation on the surface of nucleants
is expected. While the effect of Si in hindering the nucleation of the aluminum in the high-
Si alloys is readily explained by its poisoning effect due the atomic mismatch with Ti in
T1B2, similar and likely other mechanisms may be operating in the case of the other
inclusions (i.e., MgO, TiC, CC-AI2O3, and SiC), where low nucleation activity was observed.
The effect of Si in reducing the nucleation efficiency of the different inclusions can
be justified alternatively, in terms of the general observations of solute effects as quantified
by the growth restricting factor, GRF.202'209 The growth restricting factor is given by:
GRF= mC0(k-l) (60)
where m is the liquidus gradient, Co is the bulk composition, and k is the solute partition
coefficient between solid and liquid. The value of m(k-l) is 5.9 and 2.9 for Si and Fe,
respectively. The grain refining effect of the solute is attributed to the constitutional
undercooling that slows down the growth of the dendrite due to the diffusion of the solute
in front of the interface until the activation of the other nucleation sites takes place. This
effect is usually observed at low solute concentrations. At high solute concentration, the
growth mode changes from being diffusion-controlled to dendrite-tip-radius-controlled. In
terms of GRF, grain refining is observed as long as the GRF is lower than 20. At values
greater than 20, grain sizes begin to increase. Silicon promotes grain refining at about 3 wt
pet concentration; above this level grain size begins to increase. This may be attributed to
the increasing magnitude of the Si poisoning effect with the increase in Si content of the
alloy as discussed previously. This indicates that at this level of Si, the segregation to the
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surface of nucleant particles is large enough so that continuous monolayers of excess Si are
stable at the surface of an increasing number of the active nucleants that are vital for
achieving the required level of grain refining.
So far, we have discussed the effect of Si segregation to the surface of inclusions
and have shown qualitatively how this phenomenon can affect the nucleation of the a-solid
on the surface of substrates in the high-Si alloys (viz., high enough to induce poisoning of
nucleation sites). Since nucleation is an energetic process, the poisoning effect of Si should
be discussed in view of its effect on the interfacial energy balance required for nucleation.
The catalytic efficiency, f(9), of a substrate is given by:68
where 9 is the contact angle between the nucleus and the substrate. The smaller the value of
f(9), the greater the catalytic efficiency of the substrate. The value of f(9) can be adversely
affected by the segregation of Si at the inclusion/liquid interfaces.
It is well demonstrated that Si segregates to the heterophase interfaces between the
liquid metal and inclusions to lower the interfacial energy at such interfaces. This can be
interpreted in another sense as follows. The segregation of Si to the metal/inclusion
interfaces lowers the free energy of such interfaces. Consequently, the energy balance
necessary for nucleation, that holds at the triple line in the case of a virgin liquid-
metal/inclusion interface would not persist after Si segregation.
Figure 84 gives a schematic illustration of the effect of Si segregation on the energy
balance at the triple line and, therefore, on the catalytic efficiency of inclusions. It is
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assumed that the interfacial energies at the solid/liquid interface, YSL, and inclusion/solid
interface, yps, are constants and given by 1320 and 400 erg/cm2, respectively. Only the
interfacial energy component at the inclusion/liquid interface, YPL, is assumed to change
with the excess Si concentration. It is assumed also in this example that with no Si
segregation, the contact angle between the solid and the substrate is 5° and the catalytic
efficiency, f(0), of the given substrate is therefore 0.00001 (Figure 84 (a)). It can be seen
that even a small decrease in the magnitude of yPL can drastically lower the catalytic
efficiency of the substrate, from 0.00001 at yPL of 1715 erg/cm2 to 0.00017 at yPL of 1700
erg/cm2 (Figure 84 (b)). The decrease in the interfacial energy component is in the order of
0.99 [=1700/1715], while the decrease in the catalytic efficiency is 17 times
[=0.00017/0.00001]. Further decrease in yPL to 1540 erg/cm2 (corresponding to 0.90 of the
original yPL) leads to an exponential decrease in the catalytic efficiency of about 1300 times
[=0.013/0.00001], i.e., three orders of magnitude lower, as seen in Figure 84 (c).
The diagram of Figure 85 shows the variation of catalytic efficiency, f(9), as a
function of the reduction in the liquid/inclusion interfacial energy, yPL. The reduction in the
latter is given by the fraction yPL(si/ypL(virgin), where yPL(Si) is the expected reduced interfacial
energy due to Si segregation, and ypL(virgin) is the original liquid/inclusion interfacial energy.
The diagram is drawn for a substrate that has an initial condition corresponding to that of
Figure 84 (a). It is clear that the catalytic efficiency is very sensitive to the variation of the
interfacial energy component, yPL: slight decreases in yPL cause considerable losses of the
catalytic efficiency of the substrate surface.
(a) No Si segregation




(b) Little Si segregation
Catalytic Efficiency = f(e) = 0.00017
Y =1320erg/cm2
YPS= 400 erg/cm2
(c) High Si segregation







Figure 84 Schematic showing the influence of variation in the liquid/inclusion
interfacial energy on the nucleation catalytic efficiency of substrates.
We proceed with our assumption that the solute segregation to heterophase
interfaces in aluminum is analogous to solute segregation to the liquid metal surface, in
order to discuss the significance of Figure 85. For liquid aluminum, the surface tension is
lowered from 868 to 815 erg/cm2, i.e., 0.94, with minor (< 1 wt pet) additions of Si.39 By
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analogy, reductions of this order in yPL can cause a drastic decrease in the catalytic
efficiency of nucleants in the liquid aluminum from 0.00001 to 0.0075, i.e., 750 times
lower (see Figure 85). As a result, a few wt pet of Si additions can cause poisoning of the
active nucleants in the liquid aluminum through the change of the interfacial energy
balance so that the characteristic contact angle increases and therefore the catalytic
efficiency of nucleants decreases dramatically. This conclusion explains our experimental
results that showed large reductions in the occurrence levels of different inclusions, such as
TiB2, MgO, TiC, OC-AI2O3, and SiC in the cc-Al phase of alloy 6 (containing 6.3 pet Si).
The question now arises as to why some inclusions, such as CaO, AI4C3 and y-
AI2O3 are exceptionally active nucleants for the matrix phase in the high-Si alloy (alloy 6).
To answer this question, we should recall the features of the efficient nucleant and verify
whether these inclusions possess specific merits or not.
6.3.6. Influence of Surface Characteristics on the Heterogeneous Nucleation Process
The requirements of an efficient nucleant (or grain refiner) can be listed in order of
priority according to Perepezko71 as follows:
(1) To promote the formation of crystals on a nucleant, the energy of the interface
between the nucleant and the liquid should be higher than that between the nucleant
and the crystal solid (the cap model of nucleation").
(2) A theoretical means to achieve requirement (a) is to have a good crystallographic fit
between the nucleant and the solid crystal.
(3) The melt should wet the surface of the nucleant.
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(4) The solid nucleant should remain widely dispersed in the liquid for a uniform
refining.
1E-5 i i i i i
1E-4 -
0.1 -
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Figure 85 Variation of catalytic efficiency, f(0), as a function of the reduction in the
liquid/inclusion interfacial energy (given by ypL(Si/YPL(virgin))-
It is clear from our results that the first requirement for the efficient nucleant -
concerning the energetic requirements- is largely satisfied by most of the inclusions studied
here, since high percentages of these inclusions were observed within the a-Al phase.
However, this does not mean that all these inclusion types satisfy the lattice compatibility
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requirement with the cc-Al phase. It can be thought that the crystallographic fit (or lattice
compatibility) between the nucleant and the solid crystal is not so important a requirement
in the process of solid nucleation. As a consequence, one can deduce that there are other
factors besides the lattice compatibility that can favor the solid heterogeneous nucleation
process.
Glicksman and Childs98 observed that the chemical and physical characteristics of
the surface are more important for the nucleation than lattice registry. Their conclusion is
very consistent with our results, and can explain the exceptional potency of CaO and AI4C3
and y-AbOs to nucleate the a-Al phase in alloy 6.
The Y-AI2O3 phase, for which the highest occurrence levels in the a-Al phase were
recorded, is an enormously important catalyst in several industrial applications.210 The high
catalytic potency of the Y-AI2O3 particles can therefore be attributed in part to their very
high surface energy, and in part to the fact that the crystal structure of Y-AI2O3 is
characterized by the occurrence of cation vacancies, which have a significant influence on
surface morphology,211 such that a larger specific area of active surface is exposed. On the
surface, additional active sites were identified due to the cation vacancies.211
The very high surface energy implies that the Y-AI2O3 particle maintains a very high
energy, YPL, at its interface with the liquid aluminum, comparable to YSL and YPS- Therefore,
solute (Si) segregation to the surface of Y-AI2O3 should not lower the surface free energy to
a level at which the poisoning effect dominates the catalytic effect. On the other hand, the
cation vacancies {viz., the sites of lost Al+3) are expected to accommodate the segregated Si
251
atoms at the surface of Y-AI2O3 particles. The resultant partial saturation of the surface
cation vacancies due to excess concentration of the segregated Si atoms should cause some
relaxation of the surface energy. However, the difference between the surface and internal
densities of cation vacancies constitutes a potential difference and therefore a driving force
for Si migration from the surface to the interior of Y-AI2O3 particles {i.e., the concept of
diffusion in solids). Consequently, the surface relaxation exerts a driving force for the
diffusion of Si from the surface to the interior of particles in order to reach a uniform
density profile of either Si or cation vacancies in the y-A^C^ particles.
Such diffusion is energetically feasible since the process takes place at a high
temperature, 750 °C. hi addition, a Si atom is smaller than an Al atom, resulting in easier
Si-diffusion than Al-diffusion. The whole image of such a process is the dynamic
segregation of Si to the surface of Y-AI2O3 particles and a concurrent diffusion of Si from
the surface to the interior of these particles. The resultant Si concentration at the surface
depends on the time elapsed and the diffusion rate. The diffusion rate in solids is generally
slow, and in the liquid, it is most likely disturbed by the convection. As a result, it is
expected that Si segregation to the liquid-Al/y-A^C^ interfaces will not cause a noticeable
poisoning effect for such particles under the present process conditions. Thus, it can be
concluded that the high potency of Y-AI2O3 particles to nucleate the a-Al phase in the high-
Si alloy, alloy 6, can be attributed to its crystal and surface physical characteristics, which
relate to the necessary physical characteristics of the surface as proposed by Glicksman and
Childs.98
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The next two inclusions that possessed the highest occurrence levels in the a-Al
phase of alloy 6 are CaO and AI4C3 (see Table 17). We confirmed in our study that both
CaO and AI4C3 are reactive with the aluminum alloy, and form several compounds and
oxides. In alloy 6, CaO forms the CaAl2.5Si1.gO0.37 phase, which has a very high Si content.
The AI4C3 particles transform to the SiC phase in the Al-Si alloys due to the higher
thermodynamic stability of SiC compared to AI4C3. As a result, excess concentrations of
the segregated Si at the surface of CaO and AI4C3 are continuously consumed in the
formation of reaction products. Therefore, due to their chemical reactivity, the poisoning
effect of Si on such nucleant particles would not be noticeable. In other words, the chemical
reactivity of the substrate promotes heterogeneous nucleation on its surface. In conclusion,
the high potencies of CaO and AI4C3 in nucleating the cc-Al phase represent the chemical
characteristics of the surface required for an efficient nucleant, as proposed by Glicksman
and Childs.98
Therefore, the chemical and physical characteristics of the surface, if suitable, can
provide efficient nucleation on the substrate. It is worth mentioning here that, it was not
OR
possible to verify the conclusions of Glicksman and Childs before the utilization of the
injection technique, since there were no means of introducing enough quantities of virgin
solid particles into liquid metals to enable a reliable quantitative evaluation.
6.3.7. Role of Wettability in the Solid Nucleation and Grain Refinement Processes
The last two requirements for an efficient nucleant, namely the wettability of the
inclusion by the liquid and its uniform distribution, are discussed in this section. Among all
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the inclusions used in the present study,161 T1B2 has the smallest wetting angle, 37° (i.e.,
best wettability) with the liquid aluminum in the temperature range of conventional melting
processes. In fact, the wettability data of some inclusions such as Y-AI2O3, CaO, MgO and
AI4C3 with aluminum alloys, are not available in the literature. However, a special sense for
predicting qualitatively the wettability of inclusions was developed based on our
observations when conducting the injection work. Based on these observations, almost all
the inclusions used in this work have poor wettability with Al-alloys in comparison with
TiB2. Furthermore, only T1B2 particles can be readily introduced into liquid aluminum in
large quantities. The proof of our claim is the huge number of TiB2 particles that can be
added into the aluminum melts, as is clear from the micrograph of Figure 69. Consequently,
although some inclusions have higher occurrence levels than TiB2 in the a-Al, they cannot
be retained inside the liquid aluminum in appreciable quantities to accomplish grain
refining on account of their poor wettability.
If wettability is the barrier for introducing sufficient amounts of a given efficient
nucleant for the purpose of grain refining, one may ask why conventional solid-to-liquid
addition techniques86 are not used for this purpose. This may be argued as follows.
The well-established processes of introducing solid particles into a melt, such as the
vortex method that are used in the manufacturing of composite materials, are not capable of
adding suitable quantities of very fine powders (micron- and sub-micron-sized particles)
into the liquid metals. The addition of such fine particles, if possible, can lead to efficient
refining. The reason for the deficiency of such techniques lies in the indispensable
requirement of considerably high rotation speeds in the melt, which are important to
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provide the kinetic energy necessary to overcome the energy barrier of incorporation
(Chapter 5). On the other hand, if successful additions are made using the vortex technique,
the surface properties of the added particles are most likely changed during their residence
time in the vortex,87 a fact that can drastically alter their potency to nucleate the solid phase.
Why cannot the injection technique be used for the introduction of such very fine
particles? The capability of the injection technique is very much restricted by the size of the
particles. Very small or very large particles cannot be introduced into the liquid metal using
the injection technique for several reasons as described in Chapter 5. As a consequence, the
inclusions (or inoculants) other than TiB2, which have poor wettability with liquid
aluminum alloys, cannot be used in industrial grain refining, for the aforementioned
reasons.
However, if the wettability of these particles is improved due to their chemical
reactivity with the alloy components, which may be the case for the CaO and AI4C3
inclusions in alloy 6, attention should be paid to avoid the effect of these reactions on the
chemical composition of the alloy. For example, CaO and AI4C3 particles react with Al-Si
melts and form high-Si compounds (details given in a previous section). If 1 or 2 wt pet of
these nucleants are added to the Al-Si alloy, a drastic reduction in the silicon content of the
alloy is expected, similar to the loss of Si reported by Loper and Cho169 when elemental Ca
was added to an Al-5% Si alloy. Therefore, the reactivity of CaO or AI4C3 with the Al-Si
alloys constitutes the main obstacle for their role as nucleants even if the other
requirements are fulfilled. It can be concluded, therefore, that an efficient grain refiner
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should be chemically inert with the liquid phase and, if it is reactive, the reaction products
should not tend to alter the chemistry balance of the alloy.
The last requirement of an efficient nucleant is the wide dispersion of the nucleant
particles in the liquid phase before solidification. The results of the current work indicate
that CaO, MgO, and T1B2 particles are prone to clustering because of the convection due to
the stirring of the liquid alloy. This fact was also noted in Chapter 5. The potency of the
grain refiner, which also depends on its uniform distribution, is at risk when clustering of
the nucleant particles takes place. This fade phenomenon causes a high deficiency in the
role of TiE$2 if prolonged time elapses in the liquid state before solidification, as has been
often reported in the literature.
6.4. Summary
The systematic inoculation experiments carried out to study the influence of various
inclusions on the nucleation of the oc-Al phase in Al-Si-Fe alloys at different cooling rates
showed that in the dilute alloys (containing less than 1.5 pet Si+Fe), almost all the inclusion
types have high percentages of occurrence within the a-Al phase, indicating that nucleation
is promoted on the surface of such inclusions, hi a hypoeutectic Al-Si alloy containing 6.3
wt pet Si, the inclusion particles of MgO, T1B2, TiC, (X-AI2O3, and SiC become mostly
inactive nucleants and are pushed to the interdendritic regions because of the dominant
poisoning effect of Si.
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The present results were used successfully to explain the efficiency differences
between commercial grain refiners in hypoeutectic Al-Si alloys. Silicon is observed to
preferentially segregate to the liquid-Al/inclusion interfaces so as to lower their free energy.
A theoretical analysis of the poisoning effect of Si showed that Si segregation to the
liquid/nucleant interface alters the interfacial energy balance so that the catalytic efficiency
of the nucleant particles is dramatically reduced. Careful analysis showed that the
poisoning effect of Si in the hypoeutectic Al-Si alloy is overcome when the nucleant
particles have active surface characteristics as represented by the high catalytic potencies of
Y-AI2O3, CaO and AI4C3 particles in nucleating the a-Al phase in the alloy. Although some
inclusions have comparable or higher occurrence levels than TiB2 in the cc-Al phase, they
cannot be used as efficient nucleants either due to their poor wettability with liquid
aluminum or their chemical reactivity.
CHAPTER 7
NUCLEATION OF Fe-INTERMETALLICS IN THE Al-Si-Fe
ALLOYS: THE ROLE OF INCLUSIONS
CHAPTER 7
NUCLEATION OF Fe-INTERMETALLICS IN THE Al-Si-Fe
ALLOYS: THE ROLE OF INCLUSIONS
7.1. Introduction
It has been established that even in a sample of high-purity liquid metal there is a
nucleant (inclusion) particle concentration of the order of about 1012m"3.71 This value is
much higher in commercial purity alloy melts, hi commercial aluminum and aluminum
alloys, a large variety of inclusions are present in small quantities. The common types of
these inclusions are: oxides, carbides, borides, nitrides, chlorides, and fluorides.76'77'78'79
Inclusions were observed to be responsible for the heterogeneous nucleation of
different phases.83'84'10 The nucleation of certain Fe-intermetallic phases was reported to be
enhanced by the addition of Al-Ti-B grain refiners.19'85'25 Some of these works were based
on the assumption that TiE$2 particles added with the grain refiner nucleate the second-phase
particles in the same manner as they do for the matrix phase, while others suggested that
the promotion of certain phases in the presence of Al-Ti-B grain refiner is due to its effect
on altering the growth conditions that stabilize some intermetallics over others.25 However,
there is apparently no direct observation of the nucleation of Fe-intermetallics on the
surface of TiB2 particles in these works.59 Other workers attributed the preferential
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formation of certain Fe-intermetallic phases to the promotion of nucleation on certain
inclusions10 and unidentified potent catalysts in the melt (see for example the review of
Allen et al25).
Experiments of the present chapter were done to evaluate systematically the potency
of different inclusions for the nucleation of the Fe-intermetallic phases formed in Al-Si-Fe
alloys. The results of this work are based on direct observations, through the optical
microscope, for the evident physical contact between the nucleated intermetallics and the
inclusion particles. These particles were introduced into the molten alloys using the gas
injection technique.87
The results on the formation of iron-bearing phases in dilute Al-Si-Fe alloys, the
analysis of the gas injection technique used for the inclusion additions in the present study
and the role of inclusions in the nucleation of the cc-Al phase in Al-Si-Fe alloys have been
presented in chapters 4, 5 and 6. This chapter places emphasis on of the influence of
different inclusions on the nucleation of the Fe-intermetallic phases.
7.2. Results
It was generally noticed that the Fe-intermetallics observed in contact with
inclusions have the same morphology as those found distant from the inclusion particles in
the microstructure. Verification by microanalysis was carried out is several cases. The Fe-
intermetallic phases found on the surface of inclusions were similar to those phases, which
form in alloys under identical cooling conditions, indicating that nucleation of the inclusion
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particles does not change the identity of the stable phases under a given alloy composition
and cooling rate.
The formation of the Fe-intermetallic phases in the present experimental alloys was
studied in detail, in particular, the effect of alloy composition, cooling rate and solute
segregation on the type of Fe-intermetallic phase, their volume fraction and density
characteristics (Chapter 4).2 The chemical composition of the Fe-intermetallic phases
formed in the present alloys are given in Figure 42. From this figure, it can be seen that the
formation of these phases is mainly dependent on the alloy composition and, therefore, the
solidification paths, hi diluted Al-Si-Fe alloys, the liquid approaches the composition of
these phases very late during solidification, resulting in formation of a majority of such
phase particles in the interdendritic regions, a fact that complicates the interpretation in the
current work regarding the nucleation of these phases in the interdendritic regions. Due to
the small volume of the interdendritic regions and the high concentration of the solute
atoms (Si and Fe), the nucleation of Fe-intermetallics can be easily promoted on the
efficient nucleants in these regions, hi this work, the physical contact between a substrate
and the nucleated phase (as usually considered in the literature) is an indication of
nucleation.
Before we present our results, a few points concerning the distribution of the
inclusion particles between the microstructure regions and the nature of second-phase
content in the present alloys should be clarified, hi alloys 1 to 5, the major part of the
injected inclusions was observed to lie within the oc-Al phase with the rest rejected to the
interdendritic regions. Thus, the overall ratio of inclusion particles observed in contact with
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Fe-intermetallic phases is mainly affected by the percentage of physical contacts within the
a-Al phase. As is well known, the majority of the Fe-intermetallics form in the
interdendritic regions. Therefore, percentages above 20 and 40 within the cc-Al phase are
usually considered high and very high, respectively. Similar percentages in the
interdendritic regions are considered to be low.
In alloy 6, high percentages of the injected inclusions were observed in the
interdendritic regions, and little within the cc-Al phase. The phenomenon of the Si-
poisoning effect was also observed in the nucleation of Fe-intermetallics on the inclusion
particles. Inclusion particles that have as high as 20 pet nucleation events in alloy 6,
therefore, are classified as potent nucleants.
m microstructures containing two or more intermetallic phases, it is not possible to
determine which one of these phases nucleates heterogeneously and efficiently on the
inclusion particles when these phases exhibit similar morphology. In some cases it is
possible to identify the relative potency of a nucleant for nucleation in a multi-phase
microstructure. When there is a dominating phase in the microstructure, the potency of the
inclusion relates to the dominating phase. This is applicable, for example, in alloys 4 and 5
cooled in the graphite mold (cooling rates of 0.18 °C/s and 0.19 °C/s, respectively). The
phase content of alloy 4 is cc-AlFeSi and P-AlFeSi, the former being the dominating phase.
In alloy 5, cc-AlFeSi and binary Al-Fe phases (i.e., AlôFe, AlmFe and A^Fe) exist; the cc-
AlFeSi is the dominating phase. Therefore, the potency of the inclusion particles is
applicable for the cc-AlFeSi in these alloy conditions.
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Secondly, when the overall percentage of physical contact of inclusion particles
with the Fe-intermetallics is very high, the high percentage should imply that one or both
intermetallic phases nucleate heterogeneously on the surface of the injected inclusion. To
identify the nucleating potency of the substrate for each of these intermetallic phases, it is
necessary to compare these data with the other alloy conditions, where additional results for
the same combination of inclusion and intermetallic phase can be found.
The quantitative data for the nucleation events of Fe-intermetallic phases on
inclusion particles are presented in this thesis only when a sufficient number of inclusion
particles was successfully added to the alloy with a well-identified second-phase content. In
other cases, when a small number of inclusions was observed in the microstructure or the
intermetallic phase content is unidentified, some micrographs are shown as examples.
However, results in this latter case do not contribute to the assessment of the nucleant
potency for specific intermetallic, phases, but rather contribute to the overall
nucleate/inclusion potency for the Fe-intermetallics as given in Table 18.
In microstructures obtained at high cooling rates containing (ô + P) phase, such as
alloys 1 and 2 (Chapter 4),2 heterogeneous nucleation of the P-AlFeSi phase was neglected
in the present analysis since P-AlFeSi forms via a peritectic decomposition of the ô-AlFeSi
phase (Chapter 4).2 Thus, the P-AlFeSi phase nucleation on the surface of inclusions in
these cases is most likely precluded.
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7.2.1. Role of Inclusions in the Nucleation of Fe-Intermetallics in Al-Si-Fe Alloys
7.2.1.1. Effect of CaO
Image analysis for the microstructure of the experimental alloys solidified under
different cooling conditions showed that CaO has the highest overall physical contact (i.e.,
44.6 pet) with Fe-intermetallics in comparison with the other inclusions studied in the
current work as can be seen from Table 18. It is worth mentioning that CaO is very reactive
with the aluminum alloy, and forms several compounds that have a very high Si content.3 It
can be noted from Table 18 that, for particles located within the a-Al phase, CaO has the
highest percentage of physical contact with Fe-intermetallics, 27.1 pet. At the same time, it
has a very high percentage in the interdendritic regions, i.e., 73.9 pet.
Table 18 Summary of the percentages of inclusions in contact with the Fe-
















































Data presented excluding alloy 6 due to the formation a chemical compound on the
surface of CaO particles in the a-Al phase of the alloy with a similar gray level to the Fe-
intermetallic phase.
More precise data on the role of CaO in the nucleation of different Fe-intermetallic





























































































for the a-AlFeSi phase formed under both slow and fast cooling conditions in alloys 3 and
5. In alloy 3 at slow cooling rate, the only stable intermetallic phase is the a-AlFeSi,
whereas in alloys 3 and 5 at high cooling rates the stable intermetallic phases are, (a, ô) and
(a, qi), respectively. Examples of the physical contact of CaO particles with the a-AlFeSi
phase in alloys 3 and 5 are given in Figure 86 (a, b). It was noted that the CaO particles
have very high physical contacts with a-AlFeSi within the a-Al phase and the
interdendritic regions of these alloys. This suggests a high potency of CaO for nucleating
the a-AlFeSi.
Hsu et al.212 demonstrated that 0.4 wt% Ca in 6XXX series can promote the
formation of the a-AlFeSi via the formation of the CaAl2Si2 phase during solidification.
The addition of elemental Ca to such alloys can promote the formation of the a-AlFeSi by
the possibility of a preferred nucleation on the surface of CaO, similar to the findings of the
present work, or equally due to solute effects of Ca addition on the Si content of the alloy.
The formation of a-AlFeSi in the alloys (6XXX series) may, therefore, be interpreted in
view of the Ca effect on depletion of Si from the bulk alloy composition as a result of the
formation of the high-Si phase, CaA^Sia- The a-AlFeSi contains a low Si content relative
to the other ternary Al-Fe-Si phases such as [3-AlFeSi and 8-AlFeSi, and therefore it can be
stabilized over these phases by reducing the Si and/or increasing the Fe content of the alloy.
For example, the 6063 alloys may contain as high as 0.2-0.6 wt% Si, less than 0.35 wt% Fe
and 0.45-0.9 wt% Mg. The typical structure of these alloys contains mainly P-AlFeSi and
Mg2Si phases.46 The addition of 0.4 wt% Ca which has a very low solubility in solid
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aluminum, ~ 0.08 wt% at the eutectic temperature,169 can cause as high as 0.56 wt% loss of
Si, impeding the formation of the P-AlFeSi and Mg2Si phases and stabilizing the formation
of poorer-Si phases such as a-AlFeSi. hi alloy 6 of the present work, containing high
silicon content (6.3 wt%) the stability of the p-AlFeSi phase located in a close vicinity to
the injected CaO particles was not affected even when a high-Si phase, CaAl2.5Si1.8O0.37,
was observed to form on the CaO particles (see Figure 86 (c))
The 8-AlFeSi nucleates efficiently on the CaO particles as can be seen from Table
19. A high percentage of nucleation events was observed in microstructures of alloys 1 and
4, containing only 8-AlFeSi phase, and alloys 2 and 3 containing (5, qi) and (a, 8) phases,
respectively. The micrographs in Figure 86 (d, e) show the nucleation of the 8-AlFeSi
phase on the CaO injected particles.
The nucleation of the qi-AlFeSi phase, as can be seen in Table 19, is more probably
promoted on the CaO particles since very high nucleation events were observed. However,
due to the presence of the qi-AlFeSi phase coupled with other phases, such as 8 and a in
alloys 2 and 5 cooled at 13.8 °C/s and 14.3 °C/s, respectively, and due to the difficulty in
differentiation between these phases through the optical microscope (see Figure 86 (f)) a






Figure 86 Nucleation of Fe-intermetallics on the CaO particles: (a, b) a-AlFeSi in
alloys 3 and 5, cooling rates 0.21 and 14.3 °C/s, respectively, (c) stability of
P-AlFeSi near CaO particles in alloys 6, cooling rate, 0.76 °C/s, (d, e) 5-
AlFeSi in alloy 4, cooling rate, 12.8 °C/s, and (f) qi- and a-AlFeSi phases
in alloy 5, cooling rate 14.3 °C/s.
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7.2.1.2. Effect of MgO
hi the aluminum grain centers, it was found that 13.4 pet of the MgO particles have
direct physical contact with Fe-intermetallic phases. This percentage increased to 75.5 in
the interdendritic regions, and represents the highest order achieved for physical contact
between inclusions and intermetallics in the present study, as shown in Table 18. Thus,
when the MgO particles are pushed to the interdendritic regions in Al-Si-Fe alloys, they are
believed to act as active substrates for the nucleation of iron bearing phases. More
precisely, 75.5 pet of these particles are active substrates for the crystallization of Fe-
intermetallics. Of all the MgO particles studied, 71.4 pet of those associated with Fe-
bearing phases are located in the interdendritic regions, Table 18.
The MgO particles are active nucleants for the a-AlFeSi phase at high cooling rates
in alloys 3 and 5 containing (a, ô) and (a, qi) phases as shown in Table 20. On the other
hand, a poor potency to nucleate the ô-AlFeSi was observed. Low percentage nucleation
events of ô-AlFeSi phase on the MgO particles were observed in alloys 1 and 4, where a
unique stability of 8-phase was identified (Chapter 4).2 Quantitative results on the
nucleation of other intermetallic phases on MgO particles are not presented since the
number of particles required for such evaluation was not observed in all alloy conditions.
Optical micrographs, which show the MgO particles as preferential sites for the
nucleation of some Fe-intermetallics, can be seen in Figure 87. Figure 87 (a, b) show the
nucleation of a-AlFeSi on MgO particles within the cc-Al phase, and the interdendritic
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Figure 87 Optical micrographs showing the physical contact between MgO particles
and Fe-intermetallics in the microstructure of Al alloys: (a) inside the oc-Al
phase in alloy 4, cooling rate 1.4 °C/s, and (b-d) in the interdendritic regions
of alloys 4, 5 and 6, cooling rates of 1.4 °C/s, 0.19 °C/s, and 0.18 °C/s,
respectively.
the interdendritic regions of alloy 5 (Figure 87 (c)). A good example of the nucleation
control in the phase selection process is shown in Figure 87 (d), in the interdendritic regions
of alloy 6 where an exceptional stability of the P-AlFeSi phase was observed (Chapter 4),1>2
a-AlFeSi was seen to nucleate instead of P-AlFeSi on the MgO particles. This observation
supported the quantitative results on the high potency of MgO particles to nucleate the a-
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AlFeSi phase. The maps in Figure 88 show the formation of a-AlFeSi phase on the surface
ofMgO.




































































































































Figure 88 Maps of element distributions in the microstructure of alloy 5, cooling rate
14.3 °C/s, showing the nucleation of the a-AlFeSi phase on the surface of
MgO particles, and the formation of the spinel phase.
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7.2.1.3. Effect of TiB2
The role of T1B2 particles, which form an important constituent of commercial grain
refiners, in the nucleation of Fe-intermetallics, was also evaluated in this work. It can be
seen from Table 18 that a ratio of 26.9 % of the overall Til$2 particles studied in this work
were observed to have physical contact with Fe-intermetallics, among which 61.7% occur
in the interdendritic regions. Very few nucleation events (i.e., evident physical contacts)
were observed on the surface of T1B2 particles when particles are located within the gains
of a-Al, i.e., on only 14.5 % of the TiB2 particles that lie inside the Al phase did nucleation
take place. On the other hand, 64 % of the T1B2 particles located in the interdendritic
regions were seen to promote nucleation of Fe-intermetallics on their surface.
The details of these quantitative results are given in Figure 89. The general trend for
the nucleation of Fe-bearing phases on the TiB2 particles is that the percentage of TiB2
particles that possess nucleation events, and hence their nucleation potency, decreases with
the increase of the total alloying element content from alloy 1 to alloy 6, specifically in the
interdendritic regions. This indicates that the poisoning effect of Si also influences the
nucleation of the second-phase particles.
Table 21 shows that TiB2 particles are potential nucleants for several Fe-
intermetallic phases in several alloys at different cooling rates. High percentages of
physical contacts in alloys containing binary Al-Fe phases, and ô-AlFeSi phases have been
observed. The effect of TiB2 on the nucleation of cc-AlFeSi and P-AlFeSi was not observed,
while that of qi-AlFeSi phases was unclear. Figure 90 gives some examples of these
observations. The nucleation of the binary Al-Fe phases on TiB2 particles within the a-Al
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phase can be seen in Figure 90 (a). The Ô-AlFeSi phase nucleated efficiently on TiB2
particles in alloys 4 and 6 as shown in Figure 90 (b - d). In contrast to this, less efficient
nucleation was observed in alloys containing lower solute concentrations such as alloy 1
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Figure 89 The number of nucleation events of Fe-intermetallics on the surface of
TiB2 in the a-Al phase and in the interdendritic regions, measured in
percentages of the TiB2 particles that exist in the respective alloy region.
Figure 91 shows that when TiB2 particles are pushed to interdendritic regions they
are active in the nucleation process of the Fe-intermetalHc phases, whereas those particles
that lie in the grain centers are inactive. The maps in Figure 92 show the physical contact of




















































































































Figure 90 Optical micrographs showing the nucleation of Fe-intermetallics on T1B2
particles: (a, b) in the interdendritic regions in alloys 2 and 4, cooling rates
1.53 and 12.8 °C/s, respectively, and (c, d) inside the a-Al phase in alloy 6,
cooling rate 12.8 °C/s.
Evidence of the high nucleation potency of TiB2 for different Fe-intermetallic
phases has been reported in the literature. The addition of Al-Ti-B grain refiner (i.e. TiBa)
to different wrought Al alloys, containing Fe and Si, promoted the nucleation of
Alje,59'60'108'109'111'112 Al13Fe4,19 a-AlFeSi,111'112 and other phases.85 It was proposed that
there may be a small lattice mismatch between the hexagonal lattice of T1B2 and phases
with orthogonal crystal axes such as cubic a-AlFeSi and AlmFe112 In some cases, phases
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such as AlmFe are promoted in the grain-refined alloys but only in the presence of certain















































Figure 91 Maps of element distributions in the microstructure of alloy 2 (solidified at
cooling rate of 1.53 °C/s) showing the selective formation of Fe-
intermetaliics on the TiB2 substrates when present in the interdendritic
regions rather than the ct-Al phase.
In their review, Allen et al.25 proposed that grain refiners may affect the second-
phase selection in three ways. Firstly, T1B2 and TiC particles that do not nucleate the cc-Al
may be partitioned into the interdendritic spaces, where they may affect the solidification of
the second phase particles.109'110 The local chemistry of these interdendritic spaces {Le.,
solute element and impurity levels) may be as important for second-phase selection as it is
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Figure 92 Maps of element distributions in the microstructure of alloy 2, solidified at
cooling rate of 1.53 °C/s, showing the physical contact between the TiB2
and the Fe-intermetallics, confirming the nucleation of the later on T1B2.
7.2.1.4. Effect of TiC
The overall average of TiC particles that have direct physical contact with Fe
intermetallics is 30.6 pet, among which 61.1 pet were located in the interdendritic regions
(Table 18). A ratio of 17.7 pet of the TiC particles located within the a-Al phase was
observed to have physical contact with Fe-intermetallic phases, whereas a higher
percentage (68 pet) was identified in the interdendritic regions.
It was observed that TiC particles are potent nucleants for the a-AlFeSi and 5-
AlFeSi phases (Table 22, Figure 93). Very high percentages of physical contact between
the TiC particles and Fe intermetallics in alloys containing (a, Ô) and (a, qi) were
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in determining the effect of grain refiner. Secondly, primary grain refinement may result in
a greater number density of interdendritic liquid spaces towards the final stages of
solidification. With increasing division of the liquid volume, nucleation and hence impurity
levels play a more important role in influencing second-phase selection. Thirdly, primary
grain refinement may change the shape of the interdendritic liquid channels (e.g., from long
channels between columnar dendrites to more convoluted shapes between equiaxed grains),
forcing the second-phase particles that form in these spaces to change their growth
morphology. This may influence which is the preferred second-phase under given
solidification conditions. '
Apparently there is no direct observation of the nucleation of Fe-intermetallics on
the surface of Tiï$2 particles in the literature. Several reports were based on the assumption
that TiBi particles added with the grain refiner nucleate the second-phase particles in the
same manner as the primary matrix phase, while others suggested that the promotion of
certain phases in the presence of Al-Ti-B grain refiner is due to its effect on the growth
conditions that stabilize some intermetallics over the other possible phases, and still others
attributed the effect of grain refiners on the promotion of certain second-phase particles to
the impurity contents. Direct observation of these nucleated intermetallic phases on TiB2
particles, similar to those given in the present work, were not reported. Thus, the present
results constitute reliable experimental evidence for the absolute nucleation potency of the
























































































































Figure 93 The TiC particles that are pushed to the interdendritic regions act as
potential substrates for the formation of Fe-intennetallies in (a, b) alloy 3,
cooling rate 1.3 °C/s and 14.7 °C/s, (c) alloy 6, cooling rate 12.8 °C/s, and
(d-f) alloy 6, cooling rate 0.76 °C/s.
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observed, which supposes the heterogeneous nucleation of the a-AlFeSi phase on TiC (see
Figure 93 (a, b).) hi alloys 4 and 6, containing only 5-AlFeSi, high percentages of physical
contact were found, implying a preferred nucleation of 5 on TiC particles (Figure 93 (c)). In
alloy 6 at slow cooling rate, i.e., stability conditions for [3-AlFeSi, evident nucleation of Fe-
intermetallics was observed on TiC as shown in Figure 93 (d, e).
The element distribution maps of Figure 94 and Figure 95 show examples of the
nucleation of the Chinese script Fe-intermetallics (i.e., a-AlFeSi) and the platelets of p-










































































Figure 94 Maps of element distributions in the microstructure of alloy 3, cooling rate
14.7 °C/s, showing the formation of Chinese script Fe-intermetallics (a-
AlFeSi) on the TiC particles (arrowed).
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Figure 95 Maps of element distributions in the microstmcture of alloy 6, cooling rate
0.76 °C/s, showing the formation of Fe-intermetallics (fl-AlFeSi) on the
TiC particles (arrowed).
7.2.1.5. Effect of AI4C3
A ratio of 32 pet of the aluminum carbide particles was found to be active substrates
for the nucleation of Fe-intermetallic phases. Among the AI4C3 particles in the aluminum
phase 19 pet have nucleation of Fe-intermetallics on their surface (see Table 18). This is the
second highest ratio of nucleation within the a-Al phase. The general trend of nucleation on
AI4C3 is that the overall average of nucîeation events of Fe-intermetallics on AI4C3 particles
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in the interdendritic regions is always much higher than that in the ct-Al phase. In other
words, 66.5 pet of the AI4C3 particles in the interdendritic regions are in contact with the
Fe-intermetallics (compared with 19 pet in the aluminum phase).
It is clear from Table 23 that the percentages of AI4C3 particles in physical contact
with Fe-intermetallics are generally high. The S-AlFeSi and a-AÎFeSi phases nucleate more
frequently on the AI4C3 particles than other phases. High nucleation events were seen in
microstractures containing two phases such as (§, qi) and (a, qi), however, this does not
imply a promotion of a qi-AlFeSi relation since both ô-AlFeSi and ot-AlFeSi phases
showed separately numerous nucleation events on AI4C3 particles. The same applies to the
binary Al-Fe phases since a-AlFeSi phase is the dominating one in alloy 5 cooled at 0.19
°C/s, therefore, the nucleation of the binary Al-Fe phases cannot be separately evaluated.
The micrographs of Figure 96 show the nucleation of different Fe-intermetallic
phases on AI4C3 particles within the a-Al grains (Figure 96 (a, b)) and in the interdendritic
regions (Figure 96 (c, d)). Chinese script and binary Al-Fe phases nucleate heterogeneously
on AI4C3 particles as shown in Figure 96 (a, c) and Figure 96 (b, d), respectively. The
formation of the 8-AlFeSi phase on the AI4C3 particles is shown in micrographs (e, f).




















































































































Figure 96 Optical micrographs showing evidences of the nucleation of Fe-
intermetallics on the surface of AI4C3 particles, (a, b) within the a-Ai phase
of alloy 5, cooling rate 1.2 °C/s, (c, d) in the mterdendntic regions of alloy
5, cooling rate is 1.2 °C/s and 0.19 °C/s, respectively, and (e, f) in the



























































































Figure 97 Maps of element distributions in the microstructure of alloy 3, cooling rate




The role of OC-AI2O3, which is one of the most common oxides in aluminum
alloys,76 in the development of the solidification microstructure in aluminum alloys is of
considerable importance. The overall average of nucleation levels of Fe-intermetallics on
the surface of GC-AI2O3 particles is 31 pet of the studied particles, among which 79.7 pet
were identified in the interdendritic regions (Table 18). Thus, the nucleation of iron
intermetallics on the surface of the (X-AI2O3 particles was extensively observed in the
interdendritic regions, rather than in the aluminum phase. This represent the highest level
seen in the present study.
More detailed quantification results for the nucleation events of Fe-intermetallics in
the aluminum phase and the interdendritic regions are given in Figure 98. The potency of
the OC-AI2O3 particles for the nucleation of Fe-intermetallics in the interdendritic regions
decreases with the increase in the content of the alloying elements, Si and Fe, in the alloy as
can be seen in Figure 98. The opposite is observed in the aluminum phase. The overall
average of Fe-intermetallics nucleation on the (X-AI2O3 particles in the interdendritic
regions is 65.3 %, and in the aluminum phase is 13.4 %.
Table 24 gives more specific data on the nucleation of certain phases on the oc-
AI2O3 particles. It is clear that the CC-AI2O3 phase is a poor nucleant for the binary Al-Fe
phases in alloy 1, and a potent nucleant for the a-AlFeSi, P-AlFeSi and 5-AlFeSi phases in
different alloys. However, the low nucleation events of a-AlFeSi phase on 0C-AI2O3
particles that were observed in alloy 2 cooled at 0.16 °C/s are an exception. The nucleation
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of the binary Al-Fe phases on the CI-AI2O3 particles in alloy 5 seems to be favorable as can
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Figure 98 The nucleation events of Fe-intermetallics on substrates of CC-AI2O3 in the
aluminum phase and the interdendritic regions
Figure 100 shows examples of the CC-AI2O3 particles introduced into alloys 1, 3, 5
and 6. It is clear that the (X-AI2O3 particles are driven to the interdendritic regions and they















































































































































Figure 99 Element distribution maps showing the nucleation of the Fe-intermetallic




Figure 100 Examples for the nucleation of Fe-intermetalîics on the surface of (X-AI2G3
particles existed in the interdendritic regions: (a) alloy 1, cooling rate 10.7
°C/s, (b) alloy 3, cooling rate 1.3 °C/s, (c, d) alloy 5, cooling rate 0.19 °C/s,
and (e, f) alloy 6, cooing rate 0.18 °C/s.
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7.2.1.7. Effect of y-AI2Q3
The average of Fe-intermetallic nucleation events on the surface of the y-
particles is 18.7 % over all the alloy conditions studied here (Table 18). Similar to what was
observed with other inclusions, more nucleation events (70.3 %) took place in the
interdendritic regions; see for examples the micrographs of Figure 101 (a, c, d). Among the
y-Al2O3 particles in the interdendritic regions 65 % of particles were associated, i.e., in
contact, with Fe-intermetallics. The ratio is only 8 % in the ot-Al phase, see for example the
micrograph of Figure 101 (b). It can also be noticed that the number of nucleation events on
the y-AliCb particles in the a-Al phase is the minimum among the inclusions studied in this
work (Table 18).
These results imply that the Y-AI2O3 particles, which are efficient nucleants for the
matrix phase, are attracted early to the growing solid phase before the build up of solute
rich regions during solidification. This explains the high potency of Y-AI2O3 particles as
nucleants for the a-Al phase as reported in Chapter 6,3 and shows that the nucleation of the
second-phase particles are highly affected by the solute concentration rather than the
potency of the substrate. Typical examples for y-AlaQs particles in physical contact with
Fe-intermetallics at the interdendritic regions are given by the maps of Figure 102.
Many more nucleation events are observed in the interdendritic regions rather than
the a-Al phase at all the alloy conditions. The general trend for the number of nucleation
events observed in the interdendritic regions relative to the overall number of events in a
given alloy condition shows that the percentage decreases with increasing alloying element
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content, Le., from alloy 1 to alloy 6, It can be concluded here that the y-AlaCb particles,
which are pushed to the interdendritic regions, are suitable sites for the nucleation of Fe-
intermetallics. The potency of y-Al2O3 to nucleate the Fe-intermetallics decreases with the









Figure 101 Optical micrographs showing the nucleation of Fe-intermetallics on the y-
AI2O3 particles in alloy 5, (a) binary Al-Fe phases, cooling rate 0.19 °C/s,
(b-d) Chinese script, a-AlFeSi, and needle-like Al-Fe phases, (b) cooling
rate 1.2 °C/s, (c, d) cooling rate 8 °C/s
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Si
Figure 102 Maps of element distributions showing typical example of y-Al2O3 particles
in physical contact with Fe-intermetallics at the interdendritic regions of
alloy 4, cooling rate 12.8 °C/s.
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Table 25 confirms the above results. It can be seen that, generally, the y-
particles are not potent nucleants for the Fe-intermetallic phase in the alloys studied. In a
few cases, there are high percentages of physical contact, such as the case of alloys 3 and 5
cooled at 14.7 and 14.3 °C/s, respectively. The microstructure of these alloys at their
respective cooling conditions contains (a, 8) and (a, qi) phases, respectively. The oc-AlFeSi
is the common phase between these microstructures. It can also be seen from Figure 101 (b,
c) that a-AlFeSi phase can nucleate on the Y-AI2O3 particles. Therefore, this may suggest a
high potency of Y-AI2O3 particles to nucleate the Chinese script -a-AlFeSi phase.
7.2.1.8. Effect of SiC
A high efficiency of SiC particles to heterogeneously nucleate the Fe-intermetallic
phases is observed in this work. The ratio of 30.7 pet of the overall SiC particles studied
were observed to have physical contact with Fe-intermetallic phases, 67.7 pet of which are
located in the interdendritic regions (Table 18). It was found that 16.9 pet and 65.8 pet of
the particles located in the cc-Al phase and the interdendritic regions, respectively, are in
evident physical contact with Fe-intermetallics.
The SiC particles showed a high potency to nucleate several Fe-intermetallic phases
(see results in Table 26). Binary Al-Fe phases, a-AlFeSi, P-AlFeSi and 5-AlFeSi phases
had high physical contact values with the SiC particles in microstructures containing either
one or more phases.























































































































































































































































Quantitative data for the nucleation events are given in Figure 103. According to
these data the nucleation of Fe-intermetallics mostly takes place in the interdendritic
regions (see also Figure 104). However, the number of nucleation events that were
observed in the interdendritic regions decreased sharply in alloy 6. hi contrast to this, the
number of nucleation events in the interdendritic regions increased in alloy 6. This indicates
that a poisoning effect similar to that of Si on the nucleation of the a-Al phase applies in
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Figure 104 Optical micrographs showing the nucleation of Fe-intermetallics on surface
of SiC particles, (a, b, d, e) in the interdendritic regions, and (c, f) in the
aluminum phase (a) alloy 1, cooling rate 0.16 °C/s, (b) alloy 6, cooling rate




7.3.1. The Requirements for Intermetallic Phase Nucleation
The nucleation of intermediate phases containing higher solute concentrations is
still not well understood since the nucleation of such phases is too system dependent. For
example, to promote the nucleation of an Fe-intermetallic phase in an Al-Si-Fe alloy, it is
necessary to reach certain solute concentrations, corresponding to the composition of the
phase in the liquid, at the nucleation temperature of the phase. Both conditions must be met
concurrently to promote the nucleation of the phase. Thus, nucleation of the second phase
takes place at certain isotherms of the liquid phase where the solute concentration
requirement is met, provided that an appropriate substrate is present in the liquid at that
moment. Therefore, the role of substrates in the nucleation of the intermetallic phases is
largely limited by the satisfaction of solute concentration and the nucleation temperature
requirements.
According to the above description of intermetallic phase nucleation, it follows that
the inclusion particles that serve as potent nucleants for the primary phase should exhibit
poor nucleation potency for the second-phase particles. The poor potency of y-AkOs for the
nucleation of different Fe-intermetallics confirms this deduction. The y-A^Oa particles
showed the highest potency for the nucleation of a-Al phase in the present experimental
alloys (Chapter 6).3 Within the a-AÎ phase, the y-Al2Û3 particles exhibited the poorest
potency for the nucleation of the Fe-intermetallic phases in different alloys at different
cooling rates (as shown in Table 25). Therefore, although a high number of nucleation
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events on the surface of the y-Al2G3 particles were observed in the interdendritic regions as
shown in Table 18 and Table 25, the overall nucleation potency of these particles is still
very low since the majority of these particles lie within the a-Al phase as observed in
Chapter 6.3
The diagram of Figure 105 shows schematically the influence of solute
concentration, nucleation temperature, supercooling and potency of the nucleant particles
on the nucleation of second-phase particles. In this diagram, the round symbols denote the
potent nucleants while the triangles represent the less potent inclusion particles. At the early
stages of solidification, the solute concentration does not reach the required level, and
hence does not allow the nucleation of the solute-rich phase even when the nucleation
temperature is satisfied and potent nucleants are available (see particles 1 and 2 in Figure
105 (a, b)). Less potent particles such as particles 3 to 6, cannot promote the nucleation of
the intermetallic phase even if these particles lie in the nucleation temperature isotherm of
the liquid unit volume that contains the appropriate solute concentrations (see Figure 105
(c, d)). At the last stage of solidification, potent nucleants such as particles 7 and 8 can
promote the nucleation of the intermetallic phase given that the requirements of nucleation
temperature, solute concentration and supercooling condition are met at this stage (Figure
105 (d)). Other less potent particles can be activated if they lie in a supercooled liquid
volume and hence can promote the nucleation of the intermetallic phase if the solute








Figure 10S A schematic diagram showing the influence of solute concentration (segregation), nucleation




7.3.2. Effect of Cooling Rate on the Nndeation of Fe-Intermetallics
In general, the inclusion particles introduced served as active nucleation sites for the
different Fe-intermetallic phases that form at the studied cooling conditions (see Table 18).
However, there is evidence that cooling rate and alloy composition do influence the
potency of the inclusions for nucleation of the second-phase particles.78 These factors were
observed to affect the number of the heterogeneous nucleation events associated with the
inclusion particles.
(a)
Figure 106 (a) alloy 3, CaO, cooling rate is 0.21 °C/s, (b) alloy 6, a-Al2G3, cooling
rate is 12.8 °C/s.
According to the spherical cap model of nucleation,99 the heterogeneous nucleation
of a phase on a particle in the melt requires a certain amount of undercooling. The better the
wettability between the nucleant and the solid phase, the more potent the nucleant which
can lead to nucleation at small undercoolings. In some cases, complete wetting of the
inclusion particles by the solid intermetallic phases was observed (see for example Figure
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106). This condition is the optimum and indicates that the interfacial energy between the
nucleus and that specific nucleant particle is minimal and the nucleus is able to envelope
the nucleant. However, this takes place on only very few particles from a population of the
same kind, a fact that confirms that not all the nucleant particles have the same potency.
Therefore, such cases cannot be considered as a proof of the catalytic efficiency of any
specific kind of inclusion.
Not all the inclusion particles that are added to the liquid Al-Si-Fe alloys possess
very high potency similar to those presented in Figure 106. The inclusion particles have
different nucleating potencies and, therefore, require different undercoolings to activate
nucleation events on their surfaces. The undercooling has a noticeable effect on the potency
of nucleants as it enhances the potency of the poor nucleants. In other words, high
undercooling can render the poor nucleants more potent. This classical phenomenon, which
was reported for the nucleation of the primary phases such as aluminum,106 was observed in
the nucleation of the Fe-intermetallic phases in the present study.
7.3.2.1. Nucleation of Fe-Intermetallies on SiC and OC-AI2O3 in Alloy 1
The undercooling may change the number of nucleation events occurring on the
surface of inclusions in two ways. It can change the Fe-intermetallic phase that dominates
in the microstructure, or enhance the potency of the inclusion particles. Figure 107 shows
the effect of cooling rate (and thus the applied undercooling) on the potency of ot-AÎ203 and
SiC particles for the nucleation of Fe-intermetallies in alloy 1 at four cooling rates. The as-
cast microstructures of alloy 1 contains binary Al-Fe phases (i.e., AlgFe, AlmFe and AlxFe)
305
and 5-AlFeSi phases after coolmg at 0.16 and 10.7 °C/s, respectively. It is believed that the
intermetallic phase content of the alloy changes continuously with the cooling rate from
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Figure 107 The effect of cooling rate on the potency of CC-AI2O3 and SiC particles for
the nucleation of Fe-intermetallics in alloy 1 at four cooling rates
The diagrams of Figure 107 show that nucleation of binary Al-Fe intermetallic
phases is promoted on the surface of SiC particles while that of the 8-AlFeSi phase is not.
The opposite was observed to take place on the CC-AI2O3 particles: nucleation of the binary
Al-Fe phases was not favored on a-Ai2O3 particles while that of 5-AlFeSi phase took place.
The transition from high potency to poor potency in both cases was gradual over the range
of cooling rates inspected as shown in Figure 107. It can be summarized that even at high
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cooling rates (and hence high undercoolings) nucleation of intermetallic phases can be
promoted preferentially on certain types of nucleants. However, one can expect that the
applied undercooling resulting from the cooling rate of 10.7 °C/s might not be enough to
activate the nucleation of 5-AlFeSi phase on the surface of SiC particles in the case of alloy
composition and solidification conditions studied here.
7.3.2.2. Effect of Cooling Rate on the Nucleation of a-AlFeSi
Another example for the effect of cooling rate (and undercooling) on the potency of
nucleant particles is the nucleation of the a-AlFeSi phase. The latter was observed to
nucleate more frequently at high cooling rates than at low ones on the surface different
inclusions such as MgO, TiC, AI4C3 and Y-AI2O3 (Table 27). It clear that the number of
nucleation events observed increases with cooling rate. A low or medium number of events
were observed at a low cooling rate, while high and very high events were observed at high
cooling rates. Thus, it can be summarized that increasing the cooling rate or the applied
undercooling enhances the heterogeneous nucleation of intermetallic phases.
7.3.2.3. Nucleation of the Metastable ô-AlFeSi and qi-AlFeSi Phases
It can be seen from Table 19 to Table 26 that the nucleation of Fe-intermetallics in
alloy 2 containing (5 + qi) and alloy 5 containing (a + qO phases are highly promoted on
the surface of most inclusions inspected in the present work. The nucleation of the oc-
AlFeSi phase on inclusion particles is enhanced by increasing the cooling rate as discussed
earlier. The microstructures containing these phase fields are obtained under high cooling
rates in the order of 13.8 °C/s and 14.3 °C/s. The Ô-AlFeSi and qrAlFeSi phases are
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metastable phases in the present alloys and form only at high cooling rates, whereas the a-
AlFeSi phase is stable over a wide range of cooling rates (Chapter 4).2 However, we did not
observe preferential nucleation of the 8-AlFeSi and qi-AlFeSi phases on certain inclusions.
This indicates that the heterogeneous nucleation of both 8-AlFeSi and qi-AlFeSi phases is
highly promoted by the high cooling rate (high undercooling). In conclusion, the nucleation
of the Fe-intermetallic phases in Al-Si-Fe alloys obeys the general rules of the theory of
heterogeneous nucleation in terms of the effect of undercooling on the potency of the
nucleant particles.
7.3.3. Effect of Alloy Composition on Nucleant Potency and Nucleation of Fe-
Intermetallics
The alloy composition also influences the catalyzing potency of nucleants. This
topic is discussed in three cases; the nucleation of oc-AlFeSi phase in alloys 2, 3, 4 and 5;
the nucleation of ô-AlFeSi phase in alloys 1, 4 and 6; and the poisoning effect of Si.
7.3.3.1. Nucleation of a-AlFeSi in Alloys 2,3,4 and 5
The solute concentration can affect the heterogeneous nucleation of the intermetallic
phases by affecting the activity of the nucleant particles in the liquid. It is evident from
Table 27 that the observed nucleation events of the a-AlFeSi phase on MgO, TiC, AI4C3
and Y-AI2O3 particles increases with increasing the alloying addition from alloy 2 to alloy 5.
It is important to note that the a-AlFeSi phase is the only stable intermetallic phase in
alloys 2 and 3, and is the dominating one in alloys 4 and 5 at their respective cooing rates
(see Table 27). Thus, up to the level of alloying additions in these alloys, the solute
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concentration enhances the heterogeneous nucleation of the second-phase particles. The
effect of solute concentration is in agreement with the Growth Restricting Factor concept
(GRF),213 in which the solid growth is slowed as a result of the constitutional undercooling
produced by the solute enrichment at the solid/liquid interface. Consequently, more
nucleant particles become active.
However, the effect of the GRF depends on the solute type and concentration. The
solute effects of Si and Fe on the nucleation of the ct-Al have been studied by Johnsson.209
He found that these elements restrict the growth rate and are additive in effect which is
quantified by the GRF. The gradual increase in the number of nucleation events with the
solute content (Si + Fe) from alloy 2 to alloy 5 indicates that the same effect holds for the
nucleation of Fe-intermetallics in the present alloys.
7.3.3.2. Nucleation of the ô-AlFeSi in Alloys 1,4 and 6
Table 28 shows the observed nucleation events of Ô-AlFeSi phase within the a-Al
phase and the interdendritic regions of alloys 1, 4 and 6. It is clear from the number of
nucleation events in alloys 1 and 4 that the nucleation of the ô-AlFeSi phase is enhanced by
increasing the content of alloying elements in the alloy. However, the number of nucleation
events observed on TiC, OC-AI2O3 and SiC particles in alloy 6, containing 6.3 wt% Si, is
much lower than that found in alloys 1 and 4. The phenomenon is best shown in Figure 89,
Figure 98 and Figure 103.




































































































Thus, the potency of nucleant particles in both microstructure regions (the oc-Al and
the interdendritic regions) improves with increasing solute concentration up to a certain
level of alloying additions. Above this level, the solute concentration negatively affects the
potency of the nucleation sites. In other words, alloying addition at certain levels poisons
the nucleation sites. Similar observations were reported in the literature concerned with the
grain refining of aluminum alloys. However, the poisoning effect of the Si was expected to
influence the heterogeneous nucleation of the second-phase particles in the same way that it
affects the nucleation of the primary phase (a-Al), since the Si-poisoning degrades the
potency of the nucleant itself.
It is evident that the nucleation of the Fe-intermetallic phases in the Al-Si-Fe alloys
is influenced by solute concentration. The nucleation events of intermetallics increases with
increasing solute concentration up to certain level, after which the poisoning effect of Si
operates in just the same way it does with the primary phase (a-Al).
7.3.4. Effect of Nucleant Properties on the Nucleation of Fe-Intermetallics
According to Turnbull and Vonnegut,96 the heterogeneous nucleation of crystals on
a catalyst is enhanced by good lattice disregistry across the nucleation interface. This
theoretical approach, which was adopted as a basis for the prediction of useful inoculants,
failed in practice. Some workers reported experimental results in full disagreement with the
Turnbull and Vonnegut96 crystallographic theory of crystal nucleation (see for example the
work of Zhang and Cantor97). Others proved that the physical and chemical characteristics
of the nucleant surface are more important for nucleation than the lattice disregistry98 while
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Porter and Easterling" concluded that the lattice disregistry is unable to account for the
effectiveness of nucleants. In their review, Cantor and O'Reilly100 showed that catalysis is
dominated by chemical rather than structural compatibility at the nucleating interface. As a
result the nucleation theory, based on the theoretical model of lattice registry, has failed in
the prediction of efficient nucleant and, therefore, it has been primarily used to rationalize
the identification of useful nucleants.71 The question now is that, based on the present
results, is there any preferential nucleation of specific Fe-intermetallic phases on certain
inclusions that can reflect good crystallographic fit? The answer can contribute to this open
debate.
7.3.4.1. Chemical Characteristics of the Nucleant Surface
It is evident that the reactive inclusions such as CaO and AI4C3 that form several
compounds containing high Si with the aluminum alloy (Chapter 6),3 are potent for the
nucleation of the intragranular Fe-intermetallic particles (within the a-Al phase), (see Table
18). This may be attributed to their capability of consuming the poisoning species (i.e. Si
atoms) and, therefore, maintain high potency for nucleation.
In the interdendritic regions all the inclusion types were observed to effectively
promote the nucleation of Fe-intermetallic phases (Table 18). This means that the potency
of nucleants with chemically active surface such as CaO or AI4C3 in the nucleation of Fe-
intermetallic phases is not evident in the interdendritic regions. The high concentration of
solutes peculiar to these regions may be the reason for the activation of high percentages of
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several inclusion particles regardless of the surface characteristics (effect of solute
concentration is discussed in more details in section 7.3.3).
7.3.4.2. Orientation Relationships at the Nucleation Interface
The crystallographic fit between the nucleant and the solid phase was used to
rationalize the observed nucleation events. The nucleation of Ali3Fe4 on the a-Al phase is
given here as an example. The orientation relationships between these two phases according
to two authors (from the review of Allen et al.25) are given below:
Donnelly and Rudee214 observed the following orientation relationship:
[iooLi3Fe4//[ooiL(±io°)
While Ping et al.215 observed another three different orientation relationships:
[ooiL^ //[ooiL [ IOOL^ //[IOOL [100]^ //[îol],
( 2 0 0 ) ^ //(200), ( 0 2 0 ) ^ //(020),, ( 2 0 0 ) ^ //(020),
( 0 2 0 ) ^ f/(020)M ( 0 0 1 ) ^ //(002), ( 0 0 l ) ^ //(202),,
On the other hand, Adam and Hogan did not observe any orientation relationship
between the Ali3Fe4 and the a-Al phases. Recently, based on nucleation undercooling
measurements, Allen et a/.58 proposed that there should be a potent catalyst for the
nucleation of the AlnFe4 phase and suggested this to be the primary Al matrix or an
undetected impurity which is present even in the super pure alloys, hi addition, they found
that the metastable phase content is largely controlled by the concentration of the solute
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atoms of V and P. Thus, the constitution of the alloys has a major effect on the intermetallic
phase selection. In contrast, Allen et al.59 concluded that a-Al is not an efficient nucleant
for the Fe-rich eutectic liquid. More recently, Allen et al.60 observed an undercooling of 2
°K associated with the nucleation of Ali3Fe4 at a slow cooling rate of 2 °K/min and
confirmed that there was a kinetic barrier to nucleation of the Al-Ali3Fe4 eutectic,
presumably by Al. The work of Allen et al.,59'60 in turn, contradicts the well-defined
orientation relation ships reported by Donnelly and Rudee214 and Ping et al.2]S
Another example is the role of the T1B2 particles in the nucleation of binary Al-Fe
phases (specifically the AlmFe,60'108'109'110'111'112 and Ali3Fe419 phases) and the a-
AlFeSi111'112 phase. It was proposed that the addition of the TiB2 grain refiner promotes the
nucleation of these phases via the increase the number density of potent nucleation sites,
presumably TiB2.109'110 The crystallographic theory of nucleation was used to suggest that
there might be a small lattice mismatch between the hexagonal lattice of TiB2 and phases
with orthogonal crystal axes such as the AlmFe and the a-AlFeSi phases.112 Some of these
workers showed that the AlmFe phase forms in the grain refined alloys provided that a
certain level of V59'60 or Si59'61 is attained in the alloy composition.
Allen et al.59 showed that the formation of AlJFe is equally promoted in alloys
grain-refined with Al-B, Al-Ti-B and Al-Ti-C additions, indicating that the chemical
identity of the grain refiner in the promotion of AlmFe is unimportant. They suggested,
therefore, that AlmFe is not directly nucleated either by the corresponding grain refiner
particles (AIB2, T1B2 and TiC, respectively), or by some reaction product between V and
the grain refiner particles. They found that in alloys of a sufficiently high Si content neither
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V nor grain refiner is prerequisite for the AlmFe formation.59 Metastable binary Al-Fe
phases were observed in the present alloys, containing high Si content relative to that of Fe
in the alloy composition (Chapter 4).2
It is clear from these examples that the nucleation of Fe-intermetallics does not
follow a specific orientation relationship and is not promoted on certain nucleation sites.
This indicates that the epitaxial crystallization of Fe intermetallic phases on a substrate can
take place on surfaces with different crystallographic orientations. The results of the present
work support this conclusion. Table 29 shows the percentages of different inclusion
particles in physical contact with the a-, P- and 5-AlFeSi phases. It is clear that the Fe-
intermetallic phases (e.g., a-, p- and ô-AlFeSi phases) can nucleate on the surface of
several inclusions under identical conditions of alloy composition and cooling rate. In other
words, nucleation of each Fe-intermetallic phase particle can take place on a variety of
heterogeneous nucleation sites with different crystallographic structures. It follows that the
absence or presence of certain inclusions in a molten alloy does not affect the solidified
intermetallic phase content by stabilizing certain phases over others. Therefore, the
competitive nucleation of two phases during solidification is more probably controlled by
their nucleation temperatures as previously argued in the literature,25'217 rather than the
crystallographic orientation (or the lattice disregistry), which seems to have a minimum
influence on the nucleation process. This conclusion rules out the idea that nucleation is
basically promoted by crystallographic fit at the nucleation interface.
315




























































Therefore, the selective formation of certain phases during solidification (usually
referred to as phase selection) on the basis of nucleation does not seem to be largely
affected by the types of nucleants present in the liquid phase. In other words, nucleation
control of the second-phase particles such as the Fe-intermetallics in the present alloys is
most likely influenced by chemical factors (i.e., alloy composition and solute segregation
characteristics), nucleation temperatures and cooling conditions rather than the
crystallographic structure of the nucleating surface.
7.4. Summary
Nucleation of Fe-intermetallic phases (i.e. binary Al-Fe, a-AlFeSi, P- AlFeSi, ô-
AlFeSi and qi-AlFeSi phases) on the surface of different inclusions in the six experimental
Al-Si-Fe alloys was studied through a quantitative evaluation of the number of inclusion
particles that have a direct physical contact with the nucleated phase as seen through the
optical microscope. It was found that nucleation of each of the Fe-intermetallic phases was
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generally observed to be promoted on the surface of several inclusions under the same
conditions of alloy composition and cooling rates. However, some inclusions exhibited
high potency for the nucleation of particular Fe-intermetallic phases under certain
conditions and poor potency under other conditions. The potent nucleants for the primary
a-Al phase such as Y-AI2O3 exhibited poor potency for the nucleation of the Fe-
intermetallic particles that lie within the primary phase (intragranular particles). Reactive
inclusions such as CaO and SiC are very potent nucleants for the intragranular Fe-
intermetallic phase particles.
The nucleation of the Fe-intermetallic phases in Al-Si-Fe alloys obeys the general
features of nucleation, in particular, the effect of cooling rate and solute concentration on
the potency of the nucleant particles: (i) it was observed that increasing the cooling rate
enhances the heterogeneous nucleation of the Fe-intermetallic phases on the surface of
different inclusions, and (ii) the nucleation potency of inclusion particles in both a-Al and
interdendritic regions improves with increasing solute concentration up to a certain level.
Above this level, the solute concentration poisons the nucleation sites. Nucleation of the
Fe-intermetallics in the alloys studied does not seem to be largely affected by the type





The formation of Fe-intermetallics and the oc-Al phase in dilute liquid Al-Si-Fe
alloys, on nuclei of common inclusion particles found in commercial aluminum alloys was
studied using six experimental alloys representative of the Al-rich corner of the Al-Si-Fe
system and different cooling rates, where the inclusions (a- and Y-AI2O3, MgO, CaO, TiC,
SiC, AI4C3 and TiB2) were introduced into the alloy melts using a gas injection technique.
From an analysis of the results obtained, the following may be concluded:
/. Effect of cooling rate and alloy composition on the formation of Fe-intermetallics
1. The volume fraction of iron intermetallic phases is higher at slower cooling rates.
Whether the cooling rate is high or low, the volume fraction increases as the alloying
contents of iron and silicon increase. However, the iron content is more effective in
producing intermetallics than are the Si or Fe+Si contents.
2. The density of iron intermetallics is higher at high cooling rates. At slow cooling rates,
large-sized intermetallics are obtained.
3. Phase stability changes with cooling rate and alloy composition. Binary Al-Fe phases
form only at slow cooling rates when Fe contents are higher relative to the Si content
of the alloy. The P-AlFeSi phase dominates at high silicon levels and slow cooling
rate. The a-AlFeSi phase field exists between the binary Al-Fe phases and the p-
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AlFeSi phase. Rapid cooling stabilizes Si-rich ternary phases such as the 8-AlFeSi
phase and diminishes the binary phases since rapid cooling decreases the solubility of
silicon in liquid aluminum and causes entrapment of iron in solid. The Ô-AlFeSi phase
is the dominating phase at 0.9wt % silicon levels and higher.
4. Solidification paths representing the segregation of iron and silicon to the liquid were
calculated using the Scheil equation. The actual solidification paths did not conform to
Scheil behavior, as less iron was observed to have actually segregated to the liquid
than estimated by the Scheil equation. The reason for this overestimation (of iron
content in the liquid) is that the Scheil equation postulates that there is no solid
diffusion. Similarly, the theoretical models of Brody and Flemings132 and Clyne and
Kurz133 cannot explain the departure from Scheil behavior as they give much less
weight to solid state back-diffusion. It has been shown qualitatively that the
interaction between iron and silicon (which facilitates the diffusion of iron in solid
aluminum), together with the suggested role of more effective solid diffusion could
account for the departure from Scheil behavior.
5. An adjusted 500°C metastable isothermal section of the Al-Si-Fe phase diagram has
been proposed. The adjustments were made to the published equilibrium section in
order to correctly predict the phases that are observed in this part of the system at slow
cooling rates (0.2°C/s).
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//. Analysis of the gas injection technique
6. Theoretical analysis of the gas injection process, including the energetics of particle
transfer from gas to liquid and the effect of kinetic forces, were used to derive a
theoretical relation for the minimum injection velocity required for successful particle
transfer from gas to liquid.
7. The capability of the injection technique is found to be very much restricted by the
size of the particles. Very small (< 1-jxm) or very large (> 100-^im) particles cannot be
introduced into the liquid metal using the present injection technique for several
reasons related to the capability of providing the appropriate flow rates for injection
and fluidization without destabilizing the metal bath.
8. The wettability has a great influence on the incorporation of particles, poor wettability
necessitating higher injection velocities.
9. The density of the liquid has an important effect on particle incorporation into the
metal baths: solid particle incorporation in heavier liquids is more difficult and
requires higher injection velocities.
10. The larger the particle and/or the heavier the particle type, the smaller the injection
velocity required.
///. Influence of inclusions on the nucleation of the a-Al phase
11. Nucleation of the a-Al phase in dilute Al-alloys, containing less than 1.5 pet (Si + Fe),
was observed to take place on the surface of a number of inclusions, and at different
cooling rates, indicating nucleation is promoted on the surface of such inclusions.
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12. In the hypoeutectic Al-Si alloy containing 6.3 wt pet Si, MgO, TiB2, TiC, CC-AI2O3,
and SiC inclusion particles become mostly inactive nucleants and are pushed to the
interdendritic regions due to the dominating poisoning effect of Si.
13. Si is observed to preferentially segregate to the liquid-Al/inclusion interfaces so as to
lower the free energy of such interfaces.
14. A theoretical analysis of the poisoning effect of Si shows that Si segregation to the
liquid/nucleant interface alters the interfacial energy balance so that the catalytic
efficiency of the nucleant particles is dramatically reduced.
15. The quantitative results on the number of T1B2 particles found located within the oc-Al
phase successfully explain the efficiency differences between commercial grain
refiners used in hypoeutectic Al-Si alloys.
16. The poisoning effect of Si is overcome when the nucleant particles have active surface
characteristics as represented by the high catalytic potencies of Y-AI2O3, CaO and
AI4C3 particles in nucleating the oc-Al phase in the hypoeutectic Al-Si alloy.
17. Although some inclusions have comparable or higher occurrence levels in the a-Al
phase than TiB2, they cannot be used as efficient nucleants on account of either their
poor wettability with liquid aluminum or their chemical reactivity which can alter the
alloy chemistry.
IV. The role of inclusions in the heterogeneous nucleation of the Fe-intermetallics
18. Nucleation of each of the Fe-intermetallic phases is generally observed be promoted
on the surface of several inclusions under the same conditions of alloy composition
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and cooling rate. However, some inclusions exhibit higher potency for the nucleation
of particular Fe-intermetallic phases under certain conditions and poor potency under
other conditions.
19. Potent nucleants for the primary phase (a-Al) such as y-A^Os exhibit poor potency
for the nucleation of the Fe-intermetallic particles that lie within the primary phase
(i.e., intragranular Fe-intermetallic particles).
20. Reactive inclusions such as CaO and SiC are highly potent nucleants for the
intragranular Fe-intermetallic phase particles.
21. The nucleation of the Fe-intermetallic phases in Al-Si-Fe alloys exhibits the general
features of nucleation, in particular, with respect to the effect of cooling rate and
solute concentration on the potency of the nucleant particles.
(a) Increasing the cooling rate enhances the heterogeneous nucleation of the Fe-
intermetallic phases on the surface of different inclusions.
(b) The nucleation potency of inclusion particles in both microstructural regions (i.e., a-
Al and interdendritic regions) improves with increasing solute concentration up to a
certain level. Above this level, the solute concentration poisons the nucleation sites.
22. Nucleation of Fe-intermetallics in the alloys studied does not seem to be largely
affected by the type (crystallographic structure) of the nucleating surface.
SUGGESTIONS FOR FURTHER WORK
To deepen our understanding of the formation and nucleation of phases from liquid
Al-Si-Fe alloys, work in the following points can be suggested:
1. Construction or modification of the available solute segregation models in order to
appropriately predict the solidification paths of multicomponent alloys. To achieve
this, the effect of diffusion behavior of solute atoms, and the physical and chemical
interaction between them should be properly introduced into the model.
2. Evaluation of whether the poisoning effect of Si and Fe on the heterogeneous
nucleation of phases in Al alloys is additive in nature of not. This can be carried out
using a group of inclusion-injected alloys with gradual increase in each of the
alloying additions.
3. Determination of the level of Si and Fe or both, at which a transition in their effect,
from enhancing heterogeneous nucleation to poisoning the nucleation sites, occurs.
4. Extensive examination of the orientation relationships at the nucleation interface
between inclusion and nucleated phase. Determination of whether these relationships
are consistent and repetitive at different nucleation interfaces in a close vicinity to
each other in the microstructure or not (i.e., on surface of several inclusion particles
of the same type in a small unit volume of the solidified alloy) can be used to rule out
the effect of cooling rate (undercooling effects) and, thus, systematically examine the
crystallographic theory of nucleation.
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